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ABSTRACT

One of the main problems faced in the continuous casting of micro-alloy steels is
the formation of transverse cracks. Transverse cracks are surface, or near-surface cracks
formed perpendicular to the casting direction. The research focuses on using laboratory hot
tensile tests methods to determine the low ductility ranges in high strength steel grades
with different micro-alloy additions of titanium, niobium, and vanadium. The hot ductility
of commercially produced as-cast slab and beam blank samples was evaluated using two
experimental methods: tensile testing utilizing a servo-hydraulic load frame with a
resistance furnace and thermomechanical testing using rapid Joule heating. The tests were
performed at a 3 x 10-3/s strain rate in a temperature window of 650℃ - 950℃ to mimic
industrial unbending temperatures during the continuous casting. A ductility trough with a
minimum percentage reduction in area (% RA) was observed closer to the Ar3
transformation temperature of the alloys. The ductility drop at this temperature is likely
related to the formation of a thin layer of ferrite film along the austenite grain boundaries
resulting in minimum ductility and intergranular failure. Both test methods showed similar
low ductility trends, but the upper and lower edges of the ductility trough temperature range
differed between the two test methods. The differences are attributed to the heating and
cooling rates of the two test methods. Future studies are required to perform in-situ-based
deformation tests with the aim of directly observing transverse crack formation during
solidification and cooling.
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NOMENCLATURE

Symbol

Description

α

ferrite

γ

austenite

1. INTRODUCTION

1.1. BACKGROUND INFORMATION
Micro alloy steels are used in many applications such as construction, oil and gas
extraction, pressure vessels, and transportation. One of the main problems faced in the
continuous casting of micro-alloy steels is the formation of transverse cracks. Transverse
cracks are surface or near-surface cracks formed perpendicular to the casting direction, as
shown in Figure 1.1. These cracks are often associated with oscillation marks, and they can
penetrate to a depth of 5-8mm or more below the slab’s surface.

Figure 1.1: Transverse corner cracks in a continuously cast low carbon Nb-V-Ti microalloy steel [1].

The continuous casting process and the characteristic stresses are shown in Figure
1.2 [2]. In the continuous casting process, the molten steel is poured from a ladle to a
tundish and then exists through a refractory tube known as a submerged entry nozzle (SEN)
into a water-cooled copper mold. The liquid steel begins to solidify in the mold, forming a
thin solid shell continuously removed from the bottom of the mold by drive rolls [3]. So,
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the solidified shell must be strong to support the molten metal, which prevents catastrophic
failure such as “breakouts” where the molten metal escape through the solidified skin to
drain over the bottom of the casting machine [4].
Mold oscillation is necessary to prevent sticking, but it is responsible for producing
oscillation marks or transverse ripples on the strand’s surface. Beneath the copper mold, in
the secondary cooling zone, water and air mists impinge on the strand surface to ensure the
strand is cooled evenly from all sides to avoid differences in the cooling rates [3].
It is essential to understand the sources of stress during continuous casting of steel
which can be due to various factors. These include friction between the strand and the
mold, bulging of the strand caused by the ferrostatic pressure, phase transformation effects,
thermal effects (variable heat transfer within the mold, different temperature gradients
within the slabs, and contact with the rollers), mechanical effects due to the misalignment
of the casting machine, mold distortion, nonconcentric roll cage and straightening strains
[5] as shown in Figure 1.2. Under certain conditions, cracks may form along with the
oscillation marks on the top surfaces and edges of the strand. When the vertically cast
strand is straightened, the top surface and the edges of the strand are put under tension, and
transverse cracking can occur. The straightening operation is carried out when the strand
is completely solidified [3] in the temperature range of 1100-700℃ at a low strain rate of
10-3 – 10-4/s. This temperature range coincides with the interval in which steel exhibits a
ductility trough in laboratory hot tensile tests [2].
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Figure 1.2: Schematic of a curved mold, vertical continuous casting machine, and its
characteristics stresses.

1.2. REGIONS OF LOW-TEMPERATURE DUCTILITY
It has been found that the hot ductility behavior of steel can be used as an indication
of cracking susceptibility in continuous casting, mainly for transverse cracking. Of all the
laboratory testing methods, the tensile test has been the most popular method for studying
transverse cracking. Continuously cast carbon steels generally exhibit three regions of low
ductility, as shown in Figure 1.3. The depth and width of the hot ductility trough are
influenced by the chemistry process variables such as the primary and secondary cooling
conditions [2]. The hot ductility curves contain three regions, namely
I.
II.
III.

High ductility, the low-temperature region
Region of embrittlement
High ductility, the high-temperature region
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Figure 1.3: Schematic diagram showing the three characteristic ductility regions on a hot
ductility curve.

1.3. ZONE I – HIGH DUCTILITY, LOW-TEMPERATURE REGION (HDL)
Embrittlement in steels can be prevented by reducing the amount of strain at the
prior austenite grain boundaries. The strain concentrations at the austenite grain boundary
in the HDL region can be reduced by increasing the volume fraction of ferrite. The strength
difference between the ferrite and austenite decreases with decreasing temperature,
increasing the plastic strain in the austenite, thereby decreasing the ferrite's strain [5]. The
strain concentration at the grain boundaries is reduced, and the amount of ferrite present
leads to recovery of ductility at the low-temperature end of the trough. Ferrite has a high
stacking fault energy, and therefore, dynamic recovery, a softening process that operates
at all strains, can readily occur [2,6]. The ductility recovery is due to the high-volume
fraction of ferrite (𝛼) (>45%) present during deformation or 𝛼 forming in large amounts
during deformation close to the Ae3 temperatures. Before the Ar3 transformation

5
temperatures, a large volume fraction of ferrite is present before the test allowing the strain
to be dispersed. The ductility recovers fully 20-30℃ below the undeformed Ar3, which is
∼ 745℃ for 0.10% C and ∼710℃ for 0.16% C in plain carbon steels[2]. The fully ferritic
structure shows an increase in ductility because recovery in the ferrite occurs readily,
subgrain is large, and the flow stress is low [8-15].

1.4. ZONE II – REGION OF LOW DUCTILITY EMBRITTLEMENT
The embrittlement region is the most important and is associated with the
intergranular cracks at the austenite grain boundaries. The intergranular failure occurs in
the austenite grain boundaries by grain boundary sliding or transformation-controlled
intergranular failure. In the former case, the mechanism predominantly takes place in the
austenite phase field, and grain boundary sliding followed by austenite grain edge or corner
cracking is the dominant mechanism. In the latter case, the intergranular failure is
associated with intergranular micovoid coalescence in thin ferrite films at prior austenite
grain boundaries [2,8]. The major temperature regions of embrittlement are shown in
Figure 1.4. The first range exists in the liquidus and solidus two-phase region, where the
liquid is still present in between growing columnar dendrites [13]. The primary cause of
embrittlement is the presence of liquid film in the interdendritic region that does not freeze
until the temperatures are well below the solidus temperature of the alloy. The ductility is
independent of strain rate and is mainly affected by chemical composition
microsegregation of elements such as carbon, sulfur, and phosphorus [9].
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The major dominating mechanism and the microstructural features associated with
the brittle embrittlement regions are grain boundary sliding, thin ferrite films, and grain
boundary sliding.

Figure 1.4: Schematic representations of hot ductility regions relating to the
embrittlement mechanisms [11].

1.4.1. Intergranular Failure: Precipitate Free Zones. Precipitate free zones
(PFZ) are narrow bands without any precipitates adjacent to the initial austenite grain
boundaries. The common reason for forming the precipitates is that precipitates nucleate
heterogeneously on vacancies. The grain boundary is a sink for vacancies. The region closer
to the grain boundaries cannot nucleate the precipitates even though the matrix may be
supersaturated with solute. The grain boundary itself acts as heterogeneous nucleation sites.
The particles first nucleate at these boundaries, removing solute from the matrix. The solute
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depleted region adjacent to the boundary remains precipitate free [2,8,16].

During

deformation, the strain is concentrated in weaker PFZs leading to intergranular failure by
microvoid nucleation and coalescence [12]. Micro voids form around the grain boundary
precipitates such as Nb(C, N), AlN, or V(C, N), leading to intergranular fracture via the
micro void coalescence mechanism as shown in Figure 1.5. This fracture mechanism is
mainly linked to fine precipitates on the grain boundaries.

Figure 1.5: Schematic representation of the micro void coalescence mechanism due to the
formation of precipitate free zones (PFZ) on either side of the austenite grain boundary
[12].

1.4.2. Intergranular Failure: Grain Boundary Sliding. Grain boundary sliding
occurs in a fully austenitic region from Ar3 - 1200℃, but the mechanism dominates at high
temperatures in a completely austenitic phase field. Due to the limited dynamic recovery of
the austenite, grain boundary sliding can easily cause intergranular cracking. The little
dynamic recovery of austenite encourages work hardening allowing high stresses to build
up at grain boundary triple points, grain corners, edges, or grain boundary particles leading
to intergranular failure by the nucleation of grain boundary cracks. This fracture mechanism
can also be associated with creep occurring at strain rates below 1 x 10-4/s [8]. Intergranular
failure initiated by grain boundary sliding occurs at higher strain rates 1 x 10-3/s generally

8
used in hot tensile testing. A schematic diagram showing the formation of wedge cracks by
grain boundary sliding is shown in Figure 1.6. This model shows that the grain boundary
crack formation by the grain boundary sliding can occur even without fine particles or
inclusions on the grain boundaries [13]. However, some researchers [14,15] have shown
that the cavity nucleated by grain boundary sliding can grow when fine particles are present
along the grain boundary. Fine precipitates such as oxides, nitrides, sulfides, carbides, or
carbonitrides along the austenite grain boundaries can act as stress raisers favoring
intergranular crack formation[2].

Figure 1.6: Schematic showing the formation of wedge cracks by grain boundary sliding.
The arrows indicate grain boundary sliding and sense of translation [8].

1.4.3. Intergranular Failure: Thin Ferrite Films. Intergranular failure also occurs
by forming thin films of ferrite on prior austenite grain boundaries. Ferrite is a softer phase
and is more ductile than austenite, and is only detrimental when a thin layer of ferrite (5-20
µm) is present along the austenite grain boundary, as shown in Figure 1.7. Ferrite has lower
flow stress than austenite and is softer than austenite at elevated temperatures due to a high
dynamic recovery rate [2,17-18]. This allows the strain to concentrate in the ferrite film,
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encouraging voiding around precipitates or inclusions present in the grain boundary [14], as
shown in Figure 1.8. These voids link up to failure by micro void coalescence, resulting in
intergranular cracking along the ferrite films. The ferrite thin films play a similar role as
PFZ’s.

Figure 1.7: Micrograph shows the formation of thin ferrite films on prior austenite grain
boundaries for Nb steel at deformation temperature 800℃ [14].

Figure 1.8: Schematic shows the micro void formation and coalescence mechanism and
ferrite films at austenite grain boundaries [2].
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Below the Ar3 temperature, the number of ferrite increases, and ductility increases.
In addition, the solubility of carbides, nitrides, and carbonitrides is lower in ferrite than in
austenite, promoting precipitation in the ferrite film. Thus, the cause of the ductility trough
in this temperature range is a combination of ferrite films on grain boundaries and microalloy carbide, nitride, and complex carbonitride precipitates.

1.5. HIGH DUCTILITY, HIGH-TEMPERATURE REGION (HDH)
Above 1200℃, ductility is high due to dynamic recrystallization unaffected by steel
composition and processing parameters [2]. The mechanism that restores the steel’s
ductility involves the grain boundary movement. The cracks formed because of grain
boundary sliding or stress concentrations due to PFZ’s are stopped due to grain boundary
moving away from the crack. The ductility of the steels will recover because the growth
and coalescence of cavities cannot be achieved away from the grain boundary area[2,8].
This is evident from the large voids from the fractured surface tested in the HDH region
that are not associated with the second phase particles. These voids grow from the
intergranular cracks formed during the early stages of deformation, which gets isolated
within the grains due to grain boundary migration. The original cracks get distorted into
large voids until the final fracture occurs by necking between these voids. High
temperatures (> 1200℃) lead to less precipitation in the matrix and at the grain boundaries
promoting dynamic recrystallization and hence the higher the ductility of the steels.
Increasing temperatures also leads to lower flow stress and increased dynamic recovery,
which helps in reducing the stress concentrations at the crack nucleation sites. However,
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dynamic recrystallization will not occur during continuous casting due to coarse grain size
and low strain (<2%) during the straightening operation [19-22].
Therefore, care must be taken while evaluating the susceptibility of steel to
transverse cracking with the tensile data obtained from the high ductility, high-temperature
region (HDH) of the ductility trough.
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2. PROCESS VARIABLES INFLUENCING THE FORMATION OF
TRANSVERSE CRACKS

The formation of transverse cracking on the surface of the strand is influenced by
the composition of the steel grade, temperature of the solidified shell, and thermal and
mechanical origins. The process variables affecting the formation of transverse surface
cracking are discussed below.

2.1. MOLD OSCILLATION
The oscillation of the mold is essential in continuous casting as it prevents the
strand shell from sticking to the mold wall. Mold oscillation produces transverse ripples
called oscillation marks on the strand surface. Deep oscillation marks also increase the
local variation in the heat transfer in the mold. The severity of transverse cracks depends
on the depth of oscillation marks which increase the segregation of P, S, and Mn, paving a
preferred path for the crack formation [23]. Transverse crack can initiate along the
oscillation mark on the top surface and edges of the strand. The crack propagates during
straightening when the top surface and the edges are in tension [24]. The depth of the
oscillation mark can be reduced by proper choice of mold flux with low surface tension,
reducing the negative strip time by increasing mold oscillation frequency or reducing the
stroke length, by avoiding the peritectic carbon range, optimizing taper on the narrow face
of the mold, maintaining the uniform temperature of the liquid metal in the mold and
minimizing fluctuations in the mold liquid level [25-27].
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2.2. SECONDARY COOLING AND CASTING SPEED
The secondary cooling strategy can be adopted to avoid transverse cracking once
the hot ductility trough is defined by laboratory testing. This can be done by adjusting the
casting speed and adopting different cooling practices in the caster [28]. Two different
cooling practices, soft and hard cooling, are used. The soft cooling method uses little water,
often as air-water mist spray resulting in temperatures higher than the ductility trough
temperatures in the straightening region of the caster. In contrast, hard cooling uses
maximum water to decrease the strand temperature below 700℃ to reduce transverse
cracking [23,29].
Maximum casting speeds are usually used to ensure that the steel shell coming from
the mold is thick enough to withstand the ferrostatic pressure, preventing breakouts. A
slight increase in the casting speed can significantly increase the surface temperature of the
whole strand. This can be beneficial by reducing the amount of micro-alloy precipitation,
thereby reducing the occurrence of transverse cracking if the straightening operation is
carried out in the high ductility, high-temperature region (above 1200℃) [8].

2.3. MOLD HEAT TRANSFER
The strand surface structure and thermal stresses in the continuous caster can vary
with heat transfer [21]. The coarse-grained columnar structure closer to the strand surface
caused by non-uniform solidification in the mold increases the risk of transverse cracking.
The mold heat transfer can be controlled by reducing mold turbulence, consistent powder
feeding, maintaining stable mold level control, and optimizing mold taper to ensure good
contact between the slag layer and the mold [16].
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3. INFLUENCE OF STEEL COMPOSITIONS ON THE HOT DUCTILITY OF
STEELS

Various elements significantly impact the hot ductility of steels, particularly the
interactions of Ti, Nb, and V with varying levels of Al, C, and N. The effect of precipitate
formation depends on the size, morphology, and distribution. The chemical composition of
the steel thermomechanical cycle governs these characteristics. Therefore, it is important
to understand the influence of steel composition on the hot ductility of steel.

3.1. CARBON
The carbon content in the steel has an important effect on the position of the hot
ductility trough, especially in plain C-Mn and C-Mn-Al steels. As the carbon content in the
steel increases, the ductility trough moves to lower temperatures as it lowers th 𝛾 → 𝛼
transformation temperature. This is because the ductility is controlled by the formation of
thin films of ferrite on the austenite grain boundaries. Recovery of ductility on the lower
temperature side of the ductility trough (Region III) can take place when sufficient volume
fraction of ferrite is present and recovery on the higher side of the ductility trough can
happen when ferrite films are no longer present and dynamic recrystallization is possible
[18,23]. Peritectic steels (0.10 – 0.15 % C) are highly susceptible to transverse cracking
because of the shrinkage of the strand shell caused by the transformation [24]. The coarser
as-cast austenite grain structure that forms in peritectic steels is detrimental to hot ductility
leading to intergranular fracture [2,8]. For steels with carbon greater than 0.28%, the
position of the ductility trough shifts 100K higher approximately, and a distinct change is
observed in the fracture mode. The intergranular fracture occurs in the austenite because
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of grain boundary sliding rather than at thin ferrite films on prior austenite boundaries. This
is because increasing the carbon content increases the activation energy for dynamic
recrystallization thereby increasing the critical strain for dynamic recrystallization [23].

3.2. NITROGEN
The nitrogen content in the steel plays an important role in controlling the extent of
transverse cracking in micro-alloy and Al killed steels. The ductility trough is widened and
deepened with increasing nitrogen levels. The ductility is impaired when nitrogen is paired
with aluminum due to the formation of nitrides or carbo-nitrides which can adversely affect
the hot ductility of steels [32]. Increasing the nitrogen to 0.01% causes a drop in the
ductility of steel. Micro-alloyed steels with low nitrogen levels (<0.005%) and carbon
levels in the peritectic range (0.08 – 0.17%) do not cause transverse cracking as long as the
aluminum level is below 0.04%. The nitrides precipitates are stable at high temperatures
and are formed first before the carbides in Nb containing steels [34,35]. Higher nitrogen
levels encourage the precipitation of Nb(C, N) in the austenite instead of NbC as the
composition of the precipitates favors nitride formation rather than carbides. In Ti microalloyed steels, Ti preferentially combines with N forming TiN precipitates and the
remaining N combines with any available aluminum forming AlN. The amount of nitrogen
must below, to obtain a high Ti/N ratio which favors precipitates coarsening and improves
the ductility of steels. It is therefore the influence of nitrogen on the precipitation with
alloying elements that determine the hot ductility[35,36]. Cracking in the steels is more
prevalent with nitrogen levels ranging from 120-150 ppm and the cracks are minimized
with nitrogen below 40 ppm [33].
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3.3. VANADIUM
Vanadium micro-alloy steels are reported to be more sensitive to nitrogen
concentration than Nb micro-alloy steels, which exhibit different carbonitride
thermodynamic stability and precipitation kinetics [37,38]. Vanadium steels with high
nitrogen levels (90-120 ppm) have been reported to cause transverse cracking; however,
below 50 ppm, transverse cracking was not observed [17]. High nitrogen levels favor the
precipitation of V(C, N) or VN which can significantly reduce the ductility of steels. The
combination of high vanadium levels (>0.07%) and high nitrogen (90-120 ppm) has also
been reported to be highly susceptible to transverse cracking [34]. However, vanadium
levels of less than 0.07% were reported to inhibit the drop in ductility. At lower controlled
nitrogen contents, vanadium steels are reported to have better ductility than Nb steels
because the VN particles are less detrimental to hot ductility than fine Nb(C, N) precipitates
that form at the austenite grain boundaries that prevent dynamic recrystallization. The
former precipitation encourages grain boundary sliding leading to low ductility
intergranular failure [39]. For steels that are solutionized during reheating before hot
deformation, Nb can be more effective than V at reducing grain growth to improve
ductility, but it can also extend the ductility trough to higher temperatures than vanadium.
It has also been noted that the vanadium precipitates in both a more coarse and random
manner than Nb precipitates, which again favors higher ductility [26].

3.4. NIOBIUM
Niobium is more detrimental to hot ductility than other microalloying elements
because Nb(C, N) precipitates out rapidly during deformation in the temperature
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corresponding to the low ductility region. In niobium microalloyed steels, the loss in
ductility of the steel is associated with intergranular failure caused either by suppression of
dynamic recrystallization or the formation of precipitate free zones[2,8,10,40]. Nb may
precipitate as fine Nb(C, N) particles in the austenite resulting in deepening and widening
of the hot ductility trough. The fine precipitation of Nb(C, N) leads to matrix strengthening
and raises the stress in the grain boundary regions. In Nb containing steels, the strain gets
concentrated in the precipitate free zones in the grain boundary regions which are relatively
weaker. The grain boundary precipitation encourages voiding around precipitates of Nb(C,
N) and the extension of cracks formed by grain boundary sliding[2,8]. Niobium delays the
onset of dynamic recrystallization to higher temperatures and delays the recovery of
ductility to higher temperatures. Nb additions from 0.017% up to 0.074% were shown to
have an effect on ductility [2, 40-42]. Al additions to Nb containing steels were also shown
to deepen and widen the ductility trough [2, 43].

3.5. TITANIUM
The addition of titanium could be beneficial in reducing the transverse cracking
susceptibility, but it is dependent on many factors. The interaction between other
microalloying elements such as Nb, V with varying amounts of nitrogen, austenite grain
size with the pinning effect of TiN plays an important role. However, the addition of Ti
can also improve ductility from its ability to combine preferentially with nitrogen. This in
turn will reduce the amount of nitrogen available for precipitation as either AlN or Nb(C,
N), both of these precipitates can reduce the ductility of the steels[2,8]. The addition of Ti
improves the ductility of the steels under solution treatment conditions. High-temperature
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precipitant TiN or Ti-rich precipitates usually below the liquidus or just above the solidus
temperature of the alloy. These precipitates do not completely dissolve under the solution
treatment temperatures and so they can pin the austenite grain boundaries and prevent grain
growth [44]. Therefore, in solution treatment conditions, the improvement in ductility is
mainly due to grain refinement rather than by compositional effects. The research data
available on the influence of Ti additions on the formation of transverse cracking indicate
that small Ti additions have a beneficial effect. However, laboratory hot tensile testing, do
not predict the true behavior of Ti on the problem of transverse cracking. It is important
that the reader takes care while interpreting hot ductility data on the Ti containing steels.

3.6. SULPHUR
Sulfur can reduce the hot ductility of steels by weakening the grain boundary area
for the following reasons: (i) sulfur segregation to the boundary, (ii) formation of low
melting Fe-S compounds [45] and the (iii) combined effect of Mn and sulfides on the
formation of cavities, which links up to produce low ductility intergranular failure [19].
The effect of sulfur on the hot ductility usually depends on the test conditions. For steels
that are solution treated at 1330℃, the amount of sulfur that will dissolve and precipitate
as fine sulfides at the grain boundaries is important for controlling the ductility [46-48].
The amount of sulfur that redissolves depends on the Mn content. For steel with 1.4% Mn,
the amount of sulphur sulfur redissolved is >0.001% S. At the solution treatment
temperature, once the sulfur level reaches the maximum dissolvable amount, an increase
in the sulfur content will show no change in the hot ductility behavior [49,50].
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Sulfur levels are kept to a minimum to avoid transverse cracking. Reducing the
sulfur levels reduces the volume fraction of sulfides available for precipitation. Calcium
treatment has been shown to improve the hot ductility of steels by modifying the sulfides
as well as reducing the total sulfur in the steels. These modified sulfides can dissolve at
1330℃ which reduces the sulfides available for precipitation in the interdendritic regions
as well on the austenite grain boundaries [47,51,52].

3.7. ALUMINUM
Aluminum is added to steels during steelmaking to remove oxygen from the
solution by forming alumina inclusions In the presence of nitrogen, aluminum precipitates
as AlN. The precipitation of AlN is very sluggish in austenite unless the precipitation is
enhanced by thermal or mechanical treatments [41,53]. Increasing the total Al levels above
0.035% increases cracking by widening the low ductility region by extending the ductility
trough to higher temperatures. At low strain rates, the fine AlN precipitates at the grain
boundaries act as an initiation site for void nucleation that hinders grain boundary
mobility[2]. The cavities that nucleate continue to grow at the pinned grain boundaries
leading to void coalescence and finally leading to intragranular failure. Al levels of more
than 0.035% can be used if the nitrogen level in the steel is below 40 ppm[53].

3.8. PHOSPHOROUS
Phosphorous tend to segregate at the grain boundaries in both ferrite and austenite,
weakening the boundary and lowering the ductility of the steels producing brittle
intergranular failure [54-57]. Suzuki et al [55] studied the influence of phosphorous on the
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hot ductility of plain carbon steel. They have shown that the detrimental effect of
phosphorous depends on the carbon content for plain carbon steel and the phosphorous
should not possess a problem if the carbon content is less than 0.2 wt.% C. Figure 3.1.
shows the effect of phosphorous and carbon content on the hot ductility of steels. This was
explained in terms of the solidification process which produces a ferrite structure in the
steels with carbon lesser than 0.2 wt.% C. The samples were melted and strained at a strain
rate of 5 s-1. A good ductility is defined as a region with a % RA greater than 60 % in the
temperature range from 1200℃-900℃.

Figure 3.1: Effect of carbon and phosphorous content on the hot ductility of steels [55].

Previous research [12,41,58] has shown that the phosphorous content recovers the
ductility of steels in the temperature range from 1200℃-700℃ to improve the hot ductility
of steels. This occurs when the phosphorous content is in the range of 0.005-0.015% and
the carbon content of the steel is less than 0.25%.
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3.9. MN:S RATIO
The effect of manganese and sulfur content on the hot ductility of the steels was
studied previously and it was reported that the hot ductility improves when the manganese
content increases, and the sulfur content decreases. In plain carbon steels, manganese
sulfides are usually associated with intergranular failure in the low-temperature austenitic
region where the sulfur content is above 30 ppm [59-63]. The ratio of manganese to sulfur
must be excess of 30 ppm to prevent embrittlement with Mn content above 0.1wt%. De
Toledo et al [64] studied the influence of sulfur and Mn:S ratio on the crack susceptibility
and hot ductility of steels. In a low sulphur steel (0.03% S), the critical (Mn:S)c = 40 and
for high sulphur steel (0.3% S), the critical (Mn:S)c = 3.5. Based on the experimental data,
Toledo et al derived an equation for the Mn:S ratio as,
(𝑀𝑛: 𝑆)! = 1.345 𝑆 "#.%&'(

(1)

where S is the weight % of sulfur in the steel.
The Mn:S ratio lower than 30 causes sulfides (Fe, Mn) S to precipitate along the
austenite grain boundaries thereby reducing the strength of the grain boundary. Cardosa et
al [59] studied the influence of MnS on the hot ductility of plain carbon steel and found
that the manganese sulfides have a strong influence on the hot ductility of the steel. The
ductility loss was mainly attributed to the formation of thin grain boundary films of ferrite
and during deformations, strain gets concentrated at the MnS inclusions in the ferrite
network. The higher the number of MnS inclusions at the austenite grain boundaries easier
the microvoids to coalesce and grow leading to intergranular failure. For microalloyed
steels, steels cooled directly to the test temperature ranging from 1100℃ - 700℃, Mintz et
al [65] reported that increasing Mn content at a constant S level improved the hot ductility
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of steels. This is because an increase in the manganese content leads to grain refinement
which reduces the critical strain required for dynamic recrystallization. Increasing sulfur
content is also accompanied by grain refinement but any improvement in hot ductility has
a negative effect of having higher volume fraction of manganese sulfide inclusion at
austenite grain boundaries which promotes intergranular failure.
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4. INFLUENCE OF TEST VARIABLES ON THE HOT DUCTILITY OF STEELS

Over the last 40 years, researchers have worked on different experimental methods
to determine the hot cracking susceptibility under continuous casting conditions. Hot
ductility is the most assessed parameter to determine the cracking susceptibility using an
elevated temperature tensile test. There is no standardized test and different experimental
procedures have been adopted by different researchers. Among all the laboratory tests, the
most popular for the study of transverse cracking is the simple hot tensile test. The ideal
test condition involves prior melting of the sample, followed by controlled cooling to the
test temperatures and deformation at low strain rates. However, the use of prior heat
treatment of samples close to the solidus temperature of the alloy has proved to get similar
results compared to the melting of the samples. Many investigations have been carried out
in the solution treatment temperature range of 1300-1350℃ and cooling to the test
temperature. Two broad categories of tensile testing have been used to determine the hot
ductility of steels: (i) Servo hydraulic load frames namely MTS or Instron tensile testing
machines equipped with induction coil or furnace and (ii) The Gleeble apparatus. The most
used thermal and deformation cycle in the tensile test is shown in Figure 4.1.
In-situ melted and solidified: The tensile specimen is heated to 15-30℃ above the
liquidus temperature in a quartz tube and cooled to the test temperature at a specified
cooling rate and then deformed to failure. This method provides the most accurate
simulations of the continuous casting conditions as it includes the effect of solidification
behavior, segregation of elements, and cooling zone.
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Figure 4.1: Different thermal cycles to determine the hot ductility of steels using tensile
testing.

This method ensures the complete dissolution of TiN particles, MnS inclusions and
allows segregation in the interdendritic boundaries. However, it is difficult to simulate the
surface chill zone and columnar structure of a continuous cast strand in a laboratory tensile
test. The length of the columnar grains presented in a continuously cast strand cannot be
replicated in a laboratory hot tensile test.
In the reheated and deformed method, the tensile specimen is heated above the
precipitate dissolution temperature. This is to dissolve the precipitates and produce a coarse
grain structure which is similar to the cast structure before the straightening operation. It is
then soaked at the dissolution temperature and cooled to the test temperature at a specified
cooling rate. This method is reliable and an easily controlled process. The main
disadvantage is that the microstructure is not the same as in the continuous casting
condition as the cooling does not begin from above the liquidus temperature. Hightemperature micro-alloy precipitants such as TiN and MnS can precipitate from the liquid
or just below the solidus. Reheating the specimen will not dissolve these nitrides. Figure
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4.1(c) shows the tensile specimen is directly heated to the tensile test temperature,
stabilized for a short time, and then deformed to failure under suitable strain rate
conditions. This method is the least accurate representation of the continuous casting
conditions. In the straightening region of the caster, the temperature range extends from
below and above the phase transformation regions (austenite to ferrite transformations,
precipitate regions). The tests performed below and above the transformation temperature
region do not have the initial conditioning of the microstructure. In a directly heated
sample, thin films of ferrite at the austenite grain boundaries do not form. This method
does not allow for the influence of cooling on transformation and precipitation behavior.
The influence of test variables on the hot ductility of steels are discussed below.

4.1. STRAIN AND STRAIN RATE
Schrewe [66] showed that the strand support involves the non-movement of the
solidifying liquid form which consists of the shell of the solid steel and the molten liquid
metalcore. During bending, the inner radius of the solidifying solid shell is subjected to
compression while the outer radius is in tension. On the contrary, during straightening the
inner radius is under tension while the outer radius is subjected to compression. Excessive
strain may lead to strand defects and failure. Strain values up to 1.5% on the outer strand
surface are accepted because the solidified steel has sufficient compressive strength to
accommodate the strand [67].
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Lankford [7] first proposed the surface strain during straightening which is given
by
𝜀=

𝑡
2𝑅

(2)

where t is the thickness of the strand, R is the radius of the strand’s curvature and 𝜀 is the
approximate strain on the surface of the strand.
The strain rate depends on the design of the unbending system. The minimum strain
rate is given by,
𝜀=

𝑡
𝑣
×
2𝑅
𝑙

(3)

where t is the thickness of the strand, R is the radius of the strand’s curvature, 𝑣 is the
casting speed and l is the gauge length to develop the full bending strain.
Lankford assumed the bending strain develops between the smallest and largest
gauge length of the following such as the distance from the tangent point to the first bending
roll, the thickness of the slab or the shell thickness (in case of straightening with a liquid
core). However, Irvine [68] and Deisinger [69] et al defined l as the length of the unbending
zone. The strain rates during straightening process are around 1 x 10-4/s in continuous
casting of slabs, 5 x 10-3/s in billet casting and 1 x 10-3/s in thin slab casting.
Increasing the strain rate of the straightening region and refining the grain size
(typically below 200 µm) can both improve the ductility, and a narrow trough is observed
[70-72]. Increasing the strain rate will reduce the amount of grain boundary sliding [73]
and the refined grain size will make it more difficult for the cracks to propagate along the
grain boundaries. Higher strain rates improve the ductility by reducing the time for strain
induced precipitation [13], reduces the time for the formation and diffusion-controlled
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growth of voids adjacent to the precipitates at the grain boundaries [74]. Increasing the
strain rate has the ability to work harden the grain boundary ferrite films. This hardens the
ferrite film and reduces strain localization as strain now accumulates into the surrounding
austenite, resulting in a more uniform strain distribution [41].

4.2. EFFECT OF STRAIN RATE IN HOT TENSILE TESTING
Bailey et al [75] showed that in laboratory hot tensile tests, the strain rate decreases
as the specimen elongates which is given by,
𝜀̇ =

𝑑𝜀
1
𝑑𝐿
= ×
𝑑𝑡
𝐿
𝑑𝑡

(4)

where 𝜀 ̇ is the true strain rate, 𝜀 is the true strain, L is the specimen gauge length in mm,
)*
)+

is the machine cross head speed in mm/s. The strain rate is at a maximum for a constant

crosshead speed, at the beginning of the test. The strain rate decreases until the onset of
necking after which it increases and gradually decreases to the point of fracture. The
calculated elastic strain rates will be slightly higher than the actual elastic strain rates as
some of the elastic strain will occur outside the gauge length. This equation is valid for
estimating the plastic strain rate once the maximum load has been reached where the plastic
deformation occurs uniformly throughout the gauge length. Laboratory tensile tests are
usually conducted in the same order of magnitude strain rate ranges that match with the
industrial conditions. Bailey et al [75] proposed the mean strain rate in the hot tensile tests
can be calculated as,
1
𝑑#
𝜀<̇ =
× ln @ A
∆𝑡
𝑑,

-

(5)
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where ∆ 𝑡 is the time during which the specimen was under stress, 𝑑# is the initial diameter
of the specimen, 𝑑, is the final diameter of the specimen at fracture.

4.3. COOLING RATE
Abushosha et al [29] found that increasing cooling rate to the test temperature after
solution treatment temperatures from 1400-1200℃ lowered the ductility of steels by
deepening the ductility trough. The deepening of the hot ductility trough was related to the
formation of finer particle size or finer inclusion distribution at the austenite grain
boundaries due to the fast-cooling rate. The higher the cooling rate, larger the undercooling
and the higher the Gibbs free energy for more particles to nucleate. These fine particles
distributed along the austenite grain boundaries acts as stress raisers which encourage
cavitation eventually leading to brittle intergranular failure during deformation. The faster
primary cooling and slower secondary cooling patterns are used in industrial process. The
cooling rate from the primary cooling to the secondary cooling zone usually ranges 1-2℃/s
for a thick slab casting of 200-250 mm and 3-5℃/s for thin slab casting of 60-80 mm [67].
The cooling rate in the secondary cooling zone is in the order of 0.1-0.3℃/s [64]. The slow
cooling rate allows time for segregation and growth of the precipitates or inclusions to take
place. Kang [74] suggested that the cooling rate in the order of 0.2-0.3℃/s can be used
because it correlates well with the cooling rate of secondary cooling zone of the continuous
casting process. The slow cooling rate of 0.2-0.3℃/s will be difficult to compare with the
earlier research because most of the researchers have used an average cooling rate of 1℃/s
or higher.
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In low carbon C-Mn steels, Abushosha et al [29] found that decreasing the cooling
rate causes the ductility to increase because the slow cooling rate allows the ferrite layer at
the grain boundaries to increase in thickness and leads to coarser MnS precipitation.
Therefore, larger the particles or inclusions, the larger the interparticle spacing and more
difficult for the cavities to connect leading to higher ductility. The increase in thickness of
the ferrite film at the austenite grain boundaries reduces the strain concentration; favoring
transgranular failure and increase in ductility of the steels. Slow cooling is favorable as it
provides sufficient time for the particles to coarsen at the austenite grain boundaries giving
better ductility. Therefore, the cooling rate is important as it decides both the size of the
precipitates and inclusions. It also must be noted, however that the volume fraction of the
precipitates is governed by the chemical composition.

4.4. THERMAL HISTORY
The other major variable affecting the hot ductility of steels is the thermal history.
The thermal oscillation patterns experienced at the surface of the slab during the continuous
casting process is very complex and difficult to simulate in a laboratory hot tensile test.
During the continuous casting process, the surface of the slab is in contact with the water
sprays and the guide rolls which produces thermal oscillations [2,7,8]. The rate of cooling
in the primary cooling zone is faster than in the secondary cooling zone. Furthermore, the
cooling rate at the strand’s corner is always higher both in the board as well as in the midsurface of the slab. The high cooling rate in the primary cooling zone causes the strand
temperature to drop to a minimum (Tmin) followed by rapid surface reheating to (Tmax) due
to the strand’s hot interior. The minimum surface temperature of the strand (Tmin) can be
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as low as 500-600℃ mainly at the corner of the strand. This is then caused by the thermal
fluctuations as the temperature in the strand rises by passing through the guide rolls and
decreases as it leaves and the continuous spray of water on the surface of the strand to
maintain cooling [76].
Mintz et al [80], Cardosa et al [76], El-wazri et al [77] studied the effect of thermal
history on the hot ductility of plain carbon steels and niobium microalloy steels and their
finding showed that the minimum surface temperature of the strand (Tmin) has an impact
on the hot ductility of the steels. Their research showed that if the surface temperature of
the strand falls below the straightening temperature, a high volume fraction of precipitates
occurred both in the matrix and along the austenite grain boundaries which results in poor
ductility. Moreover, when the surface temperature of the strand falls below the Ar3
temperature, proeutectoid ferrite forms at the austenite grain boundaries, the precipitation
of second phase particles will further be enhanced in the ferrite. The precipitates containing
nitride forming elements are less soluble in ferrite compared to austenite which makes the
ductility of the steels to deteriorate.
Walker and Marshall’s et al [77,78] studied the effect of AlN precipitation on the
hot ductility of C-Mn-Al-N steels. The steels were soaked at 1300℃ for one minute and
then rapidly cooled to a temperature between 500℃ - 750℃ before reheating to 1000℃,
which is a typical strand straightening temperature. They found that when the temperature
drops below the Ar3 temperature and then reheating to 1000℃ resulted in a significant
increase in the volume fraction of aluminum nitride precipitates with the corresponding
drop in the size of the austenite grains. They also studied that the high volume fraction of
AlN precipitates does not occur if the temperature falls above the Ar3 temperature. Walker
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and Marshall suggested during the a to g reaction, small grains are formed just above the
Ac3 temperature. The aluminum and nitrogen can diffuse rapidly over short distance to the
grain boundaries because of the formation of small size austenite grains, preventing grain
growth. The failing to fall below the Ar3 temperature during reheating will not produce
small size austenite grains which makes aluminum and nitrogen to diffuse further to the
distant grain boundaries and not much AlN will form. However, Gladman and Pickering
insisted that the AlN precipitation does not take place until the onset of g to a phase
transformation. It was also mentioned that the during the cooling of steel, AlN will not
precipitate in unstrained austenite at the cooling rate which is normally applied in steel
processing.
Luo et al [79] investigated the effects of undercooling on C-Mn-Al-Nb and C-MnNb-Al-Ti steels. The samples were melted and cooled at 4℃/s to 100℃ below the
deformation temperature. The samples were held for 60 sec, reheated again at 4℃/s and
deformed using a strain rate of 5 x 10-4/s. Their results showed that the undercooling
decreased the ductility for both grades of steel at 800℃. However, no major change was
observed in the ductility when the deformation was above 900℃. Cardoso et al [76] also
studied the effect of undercooling on the hot ductility of C-Mn-Al steels. In this study, the
samples were solution treated at 1350℃ and undercooling by 100℃ encourages AlN
precipitation in the austenite which raised the temperature for the onset of dynamic
recrystallization and a wider ductility trough was observed. At lower temperature,
undercooling by 100℃, resulted in early formation of ferrite that increased the ductility
trough by 50-100℃. The pronounced effect of undercooling was observed in the low
(0.026%) Al steel than the high (0.085%) Al steel because AlN precipitation were already
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enhanced in the high Al steels. Their results shows that the undercooling as found in
continuous casting process can lower the ductility in low Al containing steels and the
conventional hot ductility tests may not be able to reveal this effect.

4.5. EXPERIMENTAL DETERMINATION OF HOT DUCTILITY OF STEELS
Several different experimental techniques are being considered to measure the hot
ductility of steels in the low temperature ductility range during continuous casting. The
methods involve either reheating of as-received slab sections provided from industry in the
low ductility temperature range and producing a controlled amount of deformation while
measuring load and displacement. The two experimental methods used were: (1) a tensile
testing apparatus utilizing a MTS servo-hydraulic load frame with a slow heating/cooling
rate resistance furnace with SiC elements (referred in this article to as the “Slow cooling
test”) and (2) a custom built thermomechanical testing apparatus that employs rapid
internal Joule heating system coupled with an electro-mechanically controlled tensioning
system (referred to as the “Fast cooling test”).
Servo-hydraulic MTS load frame - Subsize #3 round (diameter 6 mm), specimens
with a gauge length of 25 mm were prepared according to the ASTM E8-16a standard were
used in slow cooling tests. The main features of the testing apparatus include a resistance
furnace capable of temperatures up to 1400℃, maximum strain-rate of 10/s and a maximum
load capacity of 11kip. For this test, the thermomechanical cycle was as follows: the
specimens were heated at 1℃/s to 1200℃ in argon atmosphere and then were held for 2
min for dissolution of precipitates. Subsequently, the samples were cooled to the test
temperature in the range of 650℃-950℃ at a cooling rate of 1℃/s. Samples were held at
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the test temperature for 2 min. They were then strained to failure at a constant strain rate
of 3 x 10-3/s which was selected to approximately match the strain rate during the
straightening operation of the continuous casting process. After failure, the samples were
allowed to cool to room temperature inside the furnace. Figure 4.2 shows a schematic
temperature profile for the slow cooling test. The image showing testing equipment is
shown in Figure 4.3.
Advantages
•

High precision

•

Already set up to perform high temperature testing

Disadvantages
•

Possible specimen oxidation

•

Needs inert gas protection

•

No way to re-melt specimen

•

Slow heating to the testing temperature

•

Difficult to measure strain in a gage length

Applications
•

Determination of tensile stress and strain at different test temperatures

A custom-built thermomechanical testing apparatus that employs rapid internal
Joule heating system coupled with an electro-mechanically controlled tensioning system.
The fast-cooling test utilized a Joule heating system with an attached mechanical loading
assembly for tensile testing of a flat specimen using an inline drive (10 kN max), a load
cell (0.5N resolution) and laser displacement sensor (±1 µm resolution).
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Figure 4.2: Schematic diagrams showing the thermal cycles studied: slow cycle with
servo-hydraulic load frame equipped with SiC furnace.

Fixed bar & Load
cell
Furnace
LVDT
Actuator

Figure 4.3: MTS servo hydraulic load frame.
For this test, the sample was placed inside a chamber with a continuous flow of argon
throughout the test cycle to avoid oxidation of the samples. The samples are flat specimens,
typically 97 mm (long) x 23 mm (width) in cross section with a thickness of 3mm. A 400amp DC joule heater was used to heat the samples and a pyrometer (1 mm spot size, ±1
℃) monitored the temperature of the sample. The system employed LabVIEW software to
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monitor and control the test and the temperature profile using feedback control. Figure 5.3
shows a schematic temperature profile for the fast hot tensile test using Joule heating. The
samples were heated at 5℃/s up to 1200℃ and then soaked for 2 min. The samples were
then cooled to the test temperature in the range of 650℃ -950℃ at a cooling rate of 4℃/s.
The samples were soaked in the test temperature for 2 min and then strained to failure using
a constant strain rate of 3 x 10-3/s. After failure, the sample was cooled rapidly to the room
temperature. Both test methods employed the same strain rate and testing temperatures but
with different heating and cooling rates. Figure 4.4 shows a schematic temperature profile
for the fast cooling test. The image showing testing equipment is shown in Figure 4.5.
Advantages
•

Uses resistance heating and computer control to achieve fast heating and
cooling rates

•

Multiple controlled heating and cooling profiles possible

•

Specimen size is small and allows targeted areas to be tested

•

Inert atmosphere possible using flowing argon

Disadvantages
•

Non-uniform temperature distribution

•

The specimen cannot be re-melted and solidified

•

Some initial challenges in measuring %RA

Applications
•

Determination of tensile stress and strain at different test temperatures
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Figure 4.4: Schematic diagrams showing the thermal cycles studied: fast cycle using
Joule resistive device.

Figure 4.5: High temperature micro-mechanical tester.

This research work focuses on the use of two laboratory hot tensile test methods,
one using a servo hydraulic load frame equipped with resistive heating furnace and one
using a custom-built joule heating apparatus equipped with an electro-mechanical
tensioning cylinder. Tensile samples taken from the as-cast steel slabs and beam blank
samples were reheated, soaked, cooled to temperature, and tested to failure to determine
the reduction of area (%RA) of the specimen. The two test methods are compared and
factors influencing the ductility of these steels are discussed.
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ABSTRACT

Microalloying with Ti, Nb, and V, both individually and in combination, is a
common method for producing steels with high strength and toughness. However,
interaction with other elements and impurities can lead to cracking during continuous
casting and rolling. The hot ductility of commercially cast V, Nb and Nb-V-Ti steels has
been investigated using two experimental methods: tensile testing utilizing a servohydraulic load frame with a resistance furnace and thermomechanical testing using rapid
joule heating. The temperature dependent ductility of these steels is compared for both test
methods. Factors that influence the ductility of these steels are discussed.
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1. INTRODUCTION

One of the main problems faced in continuous casting is the formation of transverse
cracks. Transverse cracks are surface or near surface cracks in the cast slab that are oriented
perpendicular to the direction of casting. These cracks are often associated with oscillation
marks and they can penetrate to a depth of 5-8mm or more below the surface of the slab.
The cracks often originate in the straightening region of the caster on the top surface of the
slab when unbending occurs at temperatures of 700-1000℃ where the steel is known to
exhibit low ductility. This “ductility trough” can be observed in hot tensile tests by
measuring the % reduction of area (%RA) at specimen failure. Carbon steels generally
exhibit three regions of low ductility. A high temperature ductility trough exists at
temperatures near the solidus temperature where liquid is still present. In the high
temperature low ductility range, ductility depends on segregation of alloying elements and
impurities that produce a low melting point liquid that is associated with hot tearing. The
second ductility trough exists in a temperature range from 900 to 1200°C in austenite. In
this temperature range oxides, sulphides, carbonitrides, and other fine precipitates formed
at austenite grain boundaries can reduce ductility. Precipitation on austenite grain
boundaries can lead to precipitate free zones adjacent to the grain boundary that create
localized weakening in this area, producing low ductility intergranular failure [1]. The third
ductility trough exists in the temperature range from 600-900°C near the Ar3 temperature.
In this region ferrite films are formed at austenite grain boundaries. Below the Ar3
temperature, the amount of ferrite increases, and ductility increases. In addition, the
solubility of carbides, nitrides and carbonitrides is lower in ferrite than in austenite,
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promoting precipitation in the ferrite film. Thus, the cause of the ductility trough in this
temperature range is a combination of ferrite films on grain boundaries as well as
microalloy carbide, nitride and complex carbonitride precipitates [2, 3].
To avoid high production costs and yield losses on finished products, it is important
that defects in continuous cast slabs are minimized. The hot ductility of steel is highly
dependent on the presence of microalloying elements such as Nb, V and Ti [4]. Optimal
use of microalloying elements, such as Ti, Nb, and V, can produce steels that exhibit high
strength and toughness when appropriate thermomechanical processing is employed [5-7].
Unfortunately, these elements can sometimes lead to increased susceptibility to transverse
cracking.
Niobium has been shown to have a strong effect on the hot ductility of steels,
deepening the “ductility trough” and extending the low ductility region to higher
temperatures. Mintz, et. al., and Sricharoenchai, et. al., suggest that this is mainly due to
the formation of Nb(C, N) precipitates which can retard recrystallization and form
precipitates on austenite grain boundaries. Nb additions from 0.017% up to 0.074% were
shown to have an effect on ductility [2, 10-12]. Al additions to Nb containing steels were
also shown to deepen and widen the ductility trough [2, 13].
Vanadium and titanium have also been shown to affect transverse crack sensitivity.
At high nitrogen levels (90-120ppm), vanadium has been reported to cause transverse
cracking but below 50 ppm, transverse cracking was not observed [8]. High nitrogen levels
favor the precipitation of V(C, N) or VN, but vanadium levels below 0.07% have been
reported to inhibit the drop in ductility [9]. Ti additions of 0.015-0.04% Ti have also been
reported to decrease crack sensitivity by forming coarse TiN, thereby reducing the
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formation of fine AlN and Nb(C,N) precipitates [14,15]. Mintz, et. al., reported that Ti
additions can maintain a fine austenite grain size during heat treatment due to the grain
boundary pinning effects by TiN precipitates which are stable at high temperatures [16].
However, the benefits were not evident in the continuously cast steels.
The objective of the present research is to investigate the influences of Ti, Nb and
V on the hot ductility of three as-cast microalloyed steel slabs received from industry. This
paper focuses on the use of two laboratory hot tensile test methods, one using a servo
hydraulic load frame equipped with resistive heating furnace and one using a custom built
joule heating apparatus equipped with an electro-mechanical tensioning cylinder. Tensile
samples taken from the as-cast steel slabs were reheated, soaked, cooled to temperature,
and tested to failure to determine the reduction of area (%RA) of the specimen. The two
test methods are compared and factors influencing the ductility of these steels are
discussed. In future work, these testing methods will also be compared to a proposed new
hot bending test method that will be capable of directly observing crack initiation on an assolidified and cooled specimen.

2. EXPERIMENTAL METHOD

2.1. MATERIALS AND COMPOSITION
Steel slab samples with compositions shown in Table 1 were supplied by United
States Steel Corporation. Samples for hot tensile testing were cut from 203mm thick, ascast slab samples from the locations shown in Figure 1. The hot ductility samples were
prepared so that the tensile specimen orientation was perpendicular to the columnar grain
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structure of the as-cast slab to ensure that testing was performed perpendicular to the
direction of solidification in the slab. Care was taken when cutting of the samples to avoid
centerline segregation, internal crack sites, and the narrow face edges of the as-cast slab.
The heat affected regions from the oxy-acetylene torch cuts were avoided during
preparation of the tensile samples.

Figure 1: Position of hot ductility samples taken from as-cast steel slab.

Optical emission arc spectroscopy analysis was performed along the length of the
slab and the average chemical composition of the steels, reported in wt. %, are given in
Table 1. Leco combustion and inert gas fusion analysis were used to determine the
composition of carbon, sulphur and nitrogen levels in the steels. The three steels studied
are aluminum deoxidized steels with varying levels of carbon ranging from low to medium
carbon content range with varying amounts of microalloying elements of V, Nb and Ti.
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Table 1: Chemistry of the slab section in wt. % as determined by optical emission arc
spectroscopy and Leco combustion and inert gas fusion analysis.
C*

Si

Mn

P

S*

Al

V

Nb

Ti

N**
(ppm)
V Steel
0.175 0.03 0.64 0.02 0.007 0.046 0.061 0.002 42
Nb-Ti Steel 0.102 0.03 1.11 0.02 0.017 0.037 0.026 0.018 76
V-Nb-Ti
0.090 0.21 1.20 0.02 0.011 0.031 0.045 0.040 0.023 60
Steel
* - Leco CS600 Analyzer, ** - TC 500 N/O Analyzer

The V steel had a somewhat higher carbon content than the Nb-Ti and V-Nb-Ti
steel with 0.06%V and a residual Ti of 0.002%. The Nb-Ti steel had a higher Mn and S
content than the V steel and contained 0.026% Nb and 0.018% Ti. The V-Nb-Ti steel had
similar Mn and S levels to the Nb-Ti steel, but contained 0.023% Ti and 0.04% Nb and V.
All three steels studied had nitrogen levels that ranged from 42 to 76 ppm.

2.2. EXPERIMENTAL DETERMINATION OF HOT DUCTILITY OF STEELS
Several different experimental techniques are being applied in this research for
measuring the hot ductility of steels in the temperature range associated with transverse
crack formation during continuous casting. The methods being reported here involve the
reheating of as-cast slab samples to re-dissolve the microalloy precipitates (where possible)
and then cooling to the desired test temperature and applying a controlled displacement at
a controlled strain rate while measuring the load to failure. A test procedure that directly
tests the as-solidified and cooled steel is planned in future work. In this paper, the hot
ductility of commercially cast V, Nb-Ti and V-Nb-Ti steels has been investigated using
two experimental methods: (1) tensile testing utilizing a servo-hydraulic load frame with a
resistance furnace and (2) custom built thermomechanical testing apparatus that uses rapid
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joule heating with a electro-mechanically controlled tensioning system. Figure 2 (a) shows
a schematic temperature profile used for the hot tensile tests, which were performed using
the servo-hydraulic load frame with the resistance furnace. The samples were prepared
according to the ASTM E8-16a standard. Small round sub-size specimens were used. The
thermomechanical cycle used in this study was as follows: the specimens were heated at
1℃/s to 1200℃ in argon atmosphere using a resistance furnace and then were held for 2
min for dissolution of precipitates. Subsequently, the samples were cooled to the test
temperature in the range of 650-900℃ at a cooling rate of 1℃/s. Samples were held at the
test temperature for 2 min. They were strained to failure at a constant strain rate of 3 x 103

/s which was selected to approximately match the strain rate during the straightening

operation of the continuous casting process. After failure, the samples were allowed to cool
to room temperature.
The rapid joule heating system uses a mechanical loading assembly with an inline
drive (10 kN max), a load cell (0.5N resolution) and laser displacement sensor ( ±1 µm
resolution). A 400 amp DC joule heater is used to heat the samples and an IR camera (1
mm spot size, ±1 ℃) monitors the temperature of the sample. The system uses LabView
software to monitor and control tests and temperature cycles by appropriate feedback
control. Figure 2 (b) shows a schematic temperature profile for the hot tensile tests using
joule heating. The samples are flat specimens, typically 96 x 23 mm in cross section. The
samples were heated at 5℃/s up to 1200℃ using a DC joule heater and then soaked for 2
min. The sample is placed inside a chamber with a continuous flow of argon throughout
the test cycle to avoid oxidation of the samples. The samples are cooled to the test
temperature in the range of 650-900℃ at a cooling rate of 4℃/s. The samples were soaked
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in the test temperature for 2 min and then strained to failure using a constant strain rate of
3 x 10-3/s and after failure the samples were cooled rapidly to the room temperature. Both
test methods employ the same testing parameters except for the heating and cooling rates
differences. The effect of the different thermal cycles from the two testing methods,
particularly the effects of fast vs. slow heating and cooling, on the hot ductility results are
presented and discussed.

a)

b)

Figure 2: Schematic diagrams showing the thermal cycles studied. (a) Servo-hydraulic
load frame with a resistance furnace (b) Joule resistive heating.

2.3. THERMODYNAMIC MODELING AND METALLOGRAPHIC ANALYSES
Thermodynamic modeling was performed using FactSage v7.2 to better understand
the sequence of phase transformations and precipitation that is expected to occur during
solidification and cooling. A prior austenite grain size analysis was also performed to
investigate the effect of this variable on the hot ductility of the steels. Samples for grain
size analysis were sectioned perpendicular to the columnar grain structure and they were
soaked at different times in the γ-α region based on the predicted ferrite-austenite
transformation temperature and then rapidly quenched to facilitate austenite grain size
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measurement. Grain size measurements were performed using the linear intercept method
of optical microscopy.

3. RESULTS AND DISCUSSION

3.1. STRESS – STRAIN BEHAVIOR AND HOT DUCTILITY CURVES OF THE
V MICROALLOY STEEL
Figure 3 a) shows the engineering stress – engineering strain curves of the
vanadium, V, microalloy steel obtained from the servo - hydraulic load frame (MTS load
frame) equipped with electric furnace and Figure 3 b) shows the engineering stress –
engineering strain curves from the joule heating experiment. As expected, in both tests the
strength decreases with an increase in temperature. There is an abrupt drop in the stressstrain curves from MTS load frame observed at temperatures of 850℃ and 900℃
(indicated by arrows) which may be evidence of dynamic recrystallization. After 850℃,
the curve from both test methods displayed increasing ductility as indicated by larger
plastic deformation seen in the stress-strain curve.
Figure 4 a) shows the %RA as function of temperature for V microalloy steels
from both test methods. The % RA varied from 37% - 97% for the temperatures from
650℃ - 900℃ and a ductility trough was obtained from the MTS load frame. In joule
resistive heating, the %RA varied from 42% - 97%. A minimum drop in ductility was
observed from temperature ranges of 700℃ - 800 ℃.
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a)

b)

Figure 3: Engineering stress- engineering strain curves of vanadium microalloy steel at
different temperatures a) MTS load frame b) Joule resistive heating.

a)

b)

Figure 4: a) Hot ductility curves of vanadium microalloy steel from both test methods b)
Thermodynamic modeling showing precipitation of vanadium carbides from 700℃ 800℃.

Comparing ductility troughs from two test methods, the minimum ductility for both
methods was observed at 750℃ with an %RA of around 37% for the MTS load frame test
and 42% for the Joule resistive heating test. The 800℃ - 700℃ temperature range where
low ductility is observed closely match the temperature for the formation of ferrite and
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corresponding increased precipitation of vanadium carbide in ferrite predicted by
thermodynamic modeling, as shown in Figure 4 b). The ductility drop of the steel is likely
related to the intergranular failure along the austenite grain boundaries due to the formation
of thin films of ferrite below Ar3 that allows strain concentrations to build up along the
austenite grain boundaries, promoting void formation. Carbide precipitates also form in the
ferrite, further reducing the ductility of the steel.

3.2. STRESS – STRAIN BEHAVIOR AND HOT DUCTILITY CURVES OF NB TI MICROALLOY STEEL
Figure 5 shows the engineering stress – engineering strain curves obtained from a)
the MTS load frame and b) joule resistive heating tests. Both the test methods showed that
with increase in temperature there was a drop in the strength of the steels as expected. The
% RA varied from 55% - 98% for temperature ranges from 650℃ - 900℃ in MTS load
frame test while in joule resistive heating test, the % RA varied from 59%-98% as shown
in Figure 6(a). Both the test methods showed a minimum in ductility at 800℃ with
%RAaround 55% (MTS load frame) and 59% (Joule resistive heating) which again was
close to the austenite to ferrite transformation temperature predicted by thermodynamic
modeling.
Figure 6 (b) shows the equilibrium solidification and cooling predictions for this
alloy. Equilibrium modeling showed that TiN precipitates form just below the liquidus and
during solidification, starting from 1490℃. On the other hand, (Nb,Ti)(C,N) was shown to
precipitate in the temperature range from 1100℃-700℃ and AlN precipitation was
predicted below 980℃ as shown in Figure 8(b). The temperature at which the ductility
starts to drop corresponds closely with the Ar3 transformation temperature of the alloy.
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The predicted formation of (Nb,Ti)(C,N) at higher temperatures, shown in Figure
6(a), does not appear to negatively impact the ductility of the alloy.

a)

b)

Figure 5: Engineering stress- engineering strain curves of Nb -Ti microalloy steel at
different temperatures a) MTS load frame b) Joule resistive heating.

a)

b)

Figure 6: a) Hot ductility curves of Nb-Ti microalloy steel from both test methods b)
Thermodynamic modeling showing precipitation of TiN from the liquid just after the
liquidus and (Nb,Ti)(C,N) formation after solidification from 700 -1100 ℃.

49
3.3. STRESS – STRAIN BEHAVIOR AND HOT DUCTILITY CURVES OF V-NB
-TI MICROALLOY STEEL
Figure 7 shows the engineering stress – engineering strain curves obtained from a)
MTS load frame test and b) joule resistive heating test. Both the test methods showed that
with increase in temperature there was a drop in the strength of the steels. The % RA varied
from 60% - 98% for temperature ranges from 650℃ - 900℃ in MTS load frame while in
joule resistive heating, the % RA varied from 69%-95% as shown in Figure 8(a). The
ductility drop was observed at 800℃ with %RA around 60% in MTS load frame while in
joule resistive heating, ductility drop was observed at 750℃ with % RA around 69%.

a)

b)

Figure 7: Engineering stress- engineering strain curves of V- Nb -Ti microalloy steel at
different temperatures a) MTS load frame b) Joule resistive heating.

Figure 8 (b) shows the equilibrium solidification and cooling predictions for this
alloy. Equilibrium modeling predicts that TiN precipitates below the liquidus temperature
during solidification, starting below 1500℃. The addition of Ti appears to result in an
improvement of the hot ductility of this steel under the conditions of this test. Since the
steels were solution treated at 1200℃, TiN or Ti rich precipitates which form from the
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liquidus are not completely dissolved at the solution treating temperatures. However, their
presence does not appear to negatively impact the hot ductility of the steel at high
temperatures. The ductility drop, as observed between 750℃-800℃ is closer to the Ar3
transformation temperature of the alloy.

a)

b)

Figure 8: a) Hot ductility curves of V-Nb-Ti microalloy steel from both test methods b)
Thermodynamic modeling showing precipitation of TiN along with (Nb,Ti,V)(C,N)
formation after solidification from 600 -1100 ℃.

TiN precipitates may pin the austenite grain boundaries, possibly preventing grain
growth and improving ductility of the alloy comparing the other two steels [20]. However,
TiN can also reduce the availability of nitrogen to form precipitates of AlN or Nb(C,N),
which can be beneficial to the hot ductility of steel [19]. The reader should be reminded
that the two test methods employed in these tests rely on the re-solutioning of precipitates
during the sample soaking period prior to cooling to the test temperature. This treatment
path cannot re-dissolve all of the expected depositions, such as TiN and MnS, which can
form at temperatures above our soaking temperature capabilities. In the proposed future
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in-situ bend tests, we hope to be able overcome this limitation and evaluate the importance
of this difference on hot ductility test results.

3.4. WIDTH OF HOT DUCTILITY TROUGH
The position of the low temperature end of the ductility trough is closely related to
the carbon content of the alloy. Among the three steels examined, V microalloy steel had
the highest carbon content of 0.175 wt. %. They are increasing the carbon level of the alloy
shifts the γ → α phase transformation temperature (Ar3) to lower temperatures. At still
lower temperatures, all three steels exhibited higher ductility as the ferrite volume fraction
increased. Mintz, et. al. reported that the main reason for the ductility improvement is a
more even distribution of strain with increasing volume fractions of ferrite [15, 21]. At
temperatures greater than 850℃, the three steels all showed an increase in ductility, with
%RA’s of around 98% in austenite. At the high temperature end of the ductility trough, the
increased cooling rate used with the joule heating experiment also tended to measure a
lower temperature for the top side of the ductility trough compared to the slower cooling
rate MTS frame test. This difference is likely because that cooling rate has on temperature
that ferrite nucleates. Ferrite nucleation occurs at lower temperatures as cooling rate
increases.

3.5. DEPTH OF HOT DUCTILITY TROUGH
The hot ductility troughs from two testing methods for V microalloy steels are
deeper and broader compared to other steels. This may be due to the formation of vanadium
carbide precipitates in the ferrite films that form at 700-850℃ as predicted by the
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thermodynamic modeling as shown in Figure 4(b) or the higher carbon content of this steel.
In the Nb-Ti steel, the trough from the MTS load frame is narrower than joule heating,
which appears to be wider. The difference in the shape of the trough from the two methods
is likely caused by the difference in cooling rates of the test methods. The joule heating
test was operated at a higher cooling rate than MTS load frame. The trough of the V-NbTi microalloy steels from both test methods are narrower and shallower compared to the
other steels. This may be due to the formation of TiN precipitates which restricts grain
growth and results in a finer grain size or from the scavenging of nitrogen. Metallographic
and TEM analyses are planned in future work to investigate these observed differences in
ductility.

3.6. AUSTENITE GRAIN SIZE
Comparing the three steels in this study, Figure 9, the V microalloyed steel had a
substantially larger average prior austenite grain size (208 µm) than the Nb -Ti and V-NbTi steels (36 µm and 28 µm, respectively). The Ti added grades both exhibited a finer
austenite grain size than the V microalloyed steel. When the temperature of the sample is
decreased below the Ar3 temperature, the austenite grain boundaries become covered with
thin films of ferrite and fine prior austenite grains. planned in future work to investigate
the mechanisms of fracture for these steels. The ferrite distributes more uniformly,
resulting in a more refined microstructure [18].
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a)

b)

c)

Figure 9: Prior austenite grain size analysis of as-cast a) V microalloy steel with an
average grain size of 208 µm b) Nb -Ti microalloy steel with an average grain size of 36
µm and c) V-Nb-Ti microalloy with an average grain size of 28 µm. These steels were
heat treated to form ferrite on the prior austenite grain boundaries to facilitate the
austenite grain size measurements.

The V microalloyed steel has the coarsest grain size and also had the deepest and
widest ductility trough along with the lowest %RA when compared to the other
microalloyed steels. Steels with a finer the grain size are generally more resistant to crack
propagation. With finer grain size, the crack’s aspect ratio, which controls the stress
concentration at the crack tip, is reduced, making it difficult for crack propagation [17].
Metallographic analysis and fractography investigations are.

4. CONCLUSION

Hot ductility curves were obtained using two high temperature test methods: (1) a
tensile test utilizing a servo-hydraulic load frame with a resistance furnace and (2) a
thermomechanical testing apparatus using rapid joule heating combined with an electromechanically controlled tensioning system. Both test methods showed similar low ductility
trends, but the upper and lower edges of the ductility trough differed somewhat between
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the two test methods. The differences are attributed to the two test methods' heating and
cooling rate. The V micro alloyed steel slab sample had significantly lower ductility (40%
RA) compared to the other two steels tested. The Nb-Ti and V-Nb-Ti microalloy steels
displayed similar ductility minimums, and the temperature at which the minimum ductility
was observed varied between 750-800℃. Both the Nb-Ti and V-Nb-Ti steels had improved
ductility compared to V microalloy steels. V microalloy steel had the widest and deepest
trough compared to other steels, but it also had the highest carbon content (0.17%C). The
increased carbon shifts the ductility trough shifts to lower temperatures (750℃) due to the
decrease in the γ → α phase transformation temperature. Ductility loss in these steels may
be largely controlled by the formation of thin films of ferrite at low temperatures, given
that the measured low ductility temperature regions correlate well with the
thermodynamically predicted γ → α transformation temperatures. In future work, a test
procedure that directly tests the as solidified and cooled steel is planned to examine the
importance of high temperature precipitates, such as TiN.
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ABSTRACT

The hot ductility of commercially cast 0.07 wt. % C steels containing 0.04 and 0.09
wt. % V was investigated using two experimental methods. This included utilizing a load
frame equipped with resistance heating and a thermomechanical simulator. The ductility
loss in the low vanadium steel was observed from 700-850℃, below Ar3 temperature. In
comparison, ductility loss for the 0.09 wt.% V alloy occurred above the Ar3 temperature.
Both methods showed similarity in the position of the low ductility trough. The depth of
the trough was related to heating/cooling rate during the tensile test. Factors influencing
steel ductility are discussed.

1. INTRODUCTION

Micro alloy steels account for a significant part to the annual world steel production
of 162.9 million tones [1]. They have yield strength values in the range of 350 – 800 MPa
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[2], with a potential to exceed 1000 MPa [3], elongations of 22-25% and toughness of 250300 J [2]. This advancement was made possible by the combination of improved
steelmaking, microalloying technology, and better rolling and cooling practices [4]. Hot
rolled microalloy steels are used in many applications such as construction, oil and gas
extraction, pressure vessels and transportation where stringent surface quality is required.
Therefore, transverse cracking is an important problem in continuous cast steels. Such
defects are located at surface or near surface in the cast slab and form perpendicular to the
casting direction. These cracks often originate in the straightening region of the caster on
the top surface of the slab when unbending occurs at temperatures of 700-1000℃ where
the steel is known to exhibit low ductility [5]. This “ductility trough” can be observed in
hot tensile tests by measuring the % reduction in area (%RA) at specimen failure at various
temperatures.
One of the causes for low ductility in this temperature range is due to steels
containing microalloying elements of Nb, V and Ti that form carbides, nitrides, and
complex carbonitride precipitates. Such precipitates, in combination with ferrite films
formed during cooling on grain boundaries, dramatically decrease steel ductility. [6,7]. To
avoid increase in production costs and yield loss on finished products, it is important to
understand the effect of multi-component microalloy additions of Nb, Ti and V on the
steel’s susceptibility to transverse cracking.
Among the strong nitride or carbide forming microalloying elements, both
vanadium and niobium have been reported to significantly affect transverse crack
sensitivity. In particular, vanadium micro alloy steels are reported to be more sensitive to
nitrogen concentration than Nb micro alloy steels, which exhibits different carbonitride
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thermodynamic stability and precipitation kinetics[8,9]. Vanadium steels with high
nitrogen levels (90-120 ppm), have been reported to cause transverse cracking; however,
below 50 ppm, transverse cracking was not observed [10]. High nitrogen levels favor the
precipitation of V(C,N) or VN that can significantly reduce the ductility of steels. The
combination of high vanadium levels (>0.07%) and high nitrogen (90-120 ppm) has also
been reported to be highly susceptible to transverse cracking [11]. However, vanadium
levels less than 0.07% were reported to inhibit the drop in ductility. At lower controlled
nitrogen contents, vanadium steels are reported to have better ductility than Nb steels
because the VN particles are less detrimental to hot ductility than fine Nb(C,N) precipitates
that forms at the austenite grain boundaries that prevent dynamic recrystallization. The
former precipitation encourages grain boundary sliding leading to low ductility
intergranular failure [12].
For steels that are solutionized during reheating prior to hot deformation, Nb can
be more effective than V at reducing grain growth to improve ductility, but it can also
extend the ductility trough to higher temperatures than vanadium. It has also been noted
that the vanadium precipitates in both a more coarse and random manner than Nb
precipitates, which again favors higher ductility [13]. Therefore, it is important to
understand the effect of varying levels of vanadium and nitrogen on the hot ductility of
industrial continuously cast microalloy steels and its susceptibility to transverse cracking
which was the objective of this study.
In this paper, hot ductility of two commercial as-cast low carbon (0.073 wt.% and
0.086 wt.% C) steels was investigated, contanining two different levels of V: 0.04 wt.%
and 0.09 wt.% and nitrogen in the order of 100 ppm. Hot ductility was determined by
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measuring the reduction of area in representative tensile samples using two different
experimental tensile tests: i) An MTS frame equipped with a resistance furnace, and ii) a
thermomechanical simulator with rapid Joule heating. The hot ductility was evaluated in
650-900℃ temperature range, applying a constant strain rate of 3 x 10-3/s.

2. EXPERIMENTAL PROCEDURE

The chemical compositions of commercially produced steels used in this study are
listed in Table 1. Optical emission arc spectroscopy was used to determine the wt. % of
elements present in the steel samples. Leco combustion and inert gas fusion analysis was
used to determine the composition of carbon, sulfur, and nitrogen levels. Two types of steel
samples were analyzed: i) a beam blank sample that was silicon killed steel containing 0.07
wt. % C and 0.04 wt. % V (designated as “Low V”) and (ii) an as-cast slab that was
aluminum-silicon deoxidized and contained 0.09 wt. % C and 0.09 wt. % V (designated as
“High V”). Both steels had nitrogen contents, varying between 108 and 116 ppm.

Table 1: Chemistry of the samples as determined by optical emission arc spectroscopy
and Leco combustion and inert gas fusion analysis (wt. %).
Steel

C*

Mn

Si

P

S*

Al

V

N**

Low V

0.07 1.20 0.25 0.011 0.029 0.001 0.04 108 ppm

Beam Blank

High V

0.09 1.32 0.30 0.018 0.003 0.03

As-cast slab

0.09 116 ppm

* - Leco CS600 Analyzer, ** - TC 500 N/O Analyzer

Sample type
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The samples for hot tensile testing were cut from 203mm thick, as-cast slab and
345mm long beam blank samples from the locations shown in Figure 1. The hot ductility
samples were prepared so that the tensile specimen orientation was perpendicular to the
columnar grain structure of the steel samples to ensure that testing was performed
perpendicular to the direction of solidification. Care was taken when cutting of the samples
to avoid narrow face edges of the as-cast slab, centerline segregation and internal crack
sites. The heat affected regions from the oxy-acetylene torch cuts were avoided during
preparation of the tensile samples.

(a)

(b)

Figure 1: Position of hot ductility samples taken from: (a) beam – blank and (b) as-cast
steel slab.

The temperatures and strain rates applied in this research to measure the hot
ductility were chosen based on known ranges for transverse crack formation during
continuous casting. Two experimental techniques with different preheating and cooling
cycles were performed during the tensile tests. Both methods involved the reheating of the
samples to re-dissolve the microalloy precipitates (where possible) and then cooling to the
desired test temperature and applying a controlled displacement at a controlled strain rate
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while measuring the load to failure. Two experimental methods used were: (1) a tensile
testing apparatus utilizing a MTS servo-hydraulic load frame with a slow heating/cooling
resistance furnace with SiC elements (referred in this article to as the “Slow cooling test”)
and (2) a custom built thermomechanical testing apparatus that employs rapid Joule heating
with a electro-mechanically controlled tensioning system (referred to as the “Fast cooling
test”).
Figure 2(a) shows a schematic temperature profile for the slow cooling test. Small
round (diameter 9 mm), sub-size specimens with a gauge length of 25 mm were prepared
according to the ASTM E8-16a standard were used in slow cooling tests. For this test, the
thermomechanical cycle was as follows: the specimens were heated at 1℃/s to 1200℃ in
argon atmosphere and then were held for 2 min for dissolution of precipitates.
Subsequently, the samples were cooled to the test temperature in the range of 650-900℃
at a cooling rate of 1℃/s. Samples were held at the test temperature for 2 min. They were
then strained to failure at a constant strain rate of 3 x 10-3/s which was selected to
approximately match the strain rate during the straightening operation of the continuous
casting process. After failure, the samples were allowed to cool to room temperature inside
furnace.
The fast cooling test utilized a Joule heating system with an attached mechanical
loading assembly for tensile testing of a flat specimen using an inline drive (10 kN max),
a load cell (0.5N resolution) and laser displacement sensor (±1 µm resolution).
For this test, the sample is placed inside a chamber with a continuous flow of argon
throughout the test cycle to avoid oxidation of the samples. The samples are flat specimens,
typically 96 x 23 mm in cross section. A 400-amp DC joule heater was used to heat the
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samples and a pyrometer (1 mm spot size, ±1 ℃) monitored the temperature of the sample.
The system employed LabVIEW software to monitor and control the test and the
temperature profile using feedback control. Figure 2 (b) shows a schematic temperature
profile for the fast hot tensile test using Joule heating. The samples were heated at 5℃/s
up to 1200℃ and then soaked for 2 min. The samples were then cooled to the test
temperature in the range of 650-900℃ at a cooling rate of 4℃/s. The samples were soaked
in the test temperature for 2 min and then strained to failure using a constant strain rate of
3 x 10-3/s. After failure, the sample was cooled rapidly to the room temperature. Both test
methods employ the same strain rate and testing temperatures but employed different
heating and cooling rates.

(a)

(b)

Figure 2: Schematic diagrams showing the thermal cycles studied: (a) slow cycle with
servo-hydraulic load frame equipped with SiC furnace and (b) fast cycle using Joule
resistive device.

Representative fractured surface samples from two test methods were examined
using a scanning electron microscope (TESCAN-VEGA). Sections parallel to the tensile
axis were prepared for optical metallograpy using standard metallographic techniques in
order to better understand microstructure/mechanical property relationships and the origin
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of failure during testing. Thermodynamic modeling was performed using FactSage v7.2
with FactPS, FToxid, FTmisc and FSstel databases to understand the phase transformation
and precipitation sequence for the two steels during solidification and cooling.

3. RESULTS AND DISCUSSIONS

The calculated equilibrium phase diagrams for the low V (Figure 3) and high V
(Figure 4) steels show the predicted temperature ranges for stability of liquid, austenite,
ferrite, and various secondary phases. Both steels exhibited peritectic solidification
behavior. Figure 3(a) shows the equilibrium transformation and precipitation formed upon
cooling for the low V steel, where the temperature at which the austenite transforms to
ferrite (Ar3) was around 840℃ and the ferrite completion temperature was 650℃. The
major vanadium precipitate bearing phases are VN stable below 1290℃ and V(C,N) below
749℃. The transitional composition of vanadium phases is shown in Figure 3(b).

(a)

(b)

Figure 3: Thermodynamic modeling of equilibrium phase transformations during cooling
of the low V steel: (a) phase diagram and (b) distribution of elements in precipitated
V(C,N) and VN phases.

65
In the high V steel, the temperature at which the austenite transforms to ferrite (Ar3)
was around 853℃ and the ferrite completion temperature was 610℃. The precipitated
phases in high V steel included MnS, AlN, VN and V(C,N). The AlN precipitation could
be seen below 1140℃, but because the AlN precipitation may be sluggish during
transformation and therefore may not be present in the studied steel. Accordingly, a higher
level of aluminum (> 0.03wt%.) and nitrogen (90-120 ppm) may be required to allow AlN
precipitation which could reduce ductility [14]. MnS is shown to be stable below 1400℃,
while in the low V steel, MnS is stable at 1480⁰C as shown in Figure 3 (a). This is because
of the higher sulfur content in the low V steel, which results in roughly five times the
amount of MnS. The VN precipitated at 1090℃ with volume fraction increase during
cooling and subsequent complex V(C,N) could be precipitated at lower temperature. Figure
4(b) shows the distribution of elements between VN and V(C,N) phases.

(a)

(b)

Figure 4: Thermodynamic modeling of equilibrium phase transformations during cooling
of the high V steel: (a) phase diagram and (b) distribution of elements in precipitated
V(C,N) and VN phases.
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3.1. STRESS – STRAIN BEHAVIOR AND HOT DUCTILITY CURVES OF LOW
V STEEL
The effect of deformation temperature on the engineering stress–strain curves of
the low V steel was shown in Figure 5(a) for slow cooling and Figure 5(b) for fast cooling.
For the slow cooling rate, the strength level at 850℃ was observed to be higher than at
800℃. Similar behavior is observed in the fast-cooling test, where the strength level at
800℃ was higher than at 750℃. This phenomenon could be due to dynamic strain aging
caused by the interactions between the solute atoms of carbon and nitrogen with the
dislocations. The movement of these solute atoms to the dislocations produces a solute rich
atmosphere around the dislocations which increases the force necessary to cause the
dislocation to slip. A greater force is required to deform the steel, increasing its strength,
and lowering the ductility. An abrupt drop (indicated by arrows) is observed in the
engineering stress – strain curves at a temperature 900℃ for the fast cooling test,
suggesting the onset of dynamic recrystallization. Below 850℃, the curve from fast
cooling tests displayed increasing ductility.

(a)

(b)

Figure 5: Engineering stress – strain curves of low V steel at different deformation
temperatures for: (a) slow and (b) fast cooling.
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Figure 6 shows the % reduction in area as a function of deformation temperatures
for low V steel from both test methods. For the slow cooling test, the % RA varied from
46% to 66%, a ductility trough was also observed with minimum drop in ductility between
700℃ - 850℃, and the lowest drop in ductility took place at 850℃. During fast cooling
tests, the % RA varies from 40% to 98% and a minimum ductility drop was observed
between 700℃ - 800℃. In both test methods, the minimum ductility trough is observed
just below the Ar3 transformation temperature of the alloy.

Figure 6: Hot ductility curves of low V steel from both test methods.

3.2. STRESS – STRAIN BEHAVIOR AND HOT DUCTILITY CURVES OF HIGH
V STEEL
Figure 7(a) shows the effect of deformation temperature on the engineering stress
– strain curves of the high V steel obtained using the servo hydraulic MTS load frame for
the slow cooling test and Figure 7(b) shows the engineering stress – strain behavior
obtained from the Joule fast cooling test. For the fast-cooling test, the strength decreased
with increasing test temperature from 650℃-750℃. Also, during both the fast and slow
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cooling tests, the strength levels at 850℃ and 900℃ were higher than at 800℃. This
suggests that dynamic strain aging may also be occurring in the high V steel. An abrupt
drop (indicated by arrow) is observed in the engineering stress – strain curves at a
temperature of 1000℃ for the slow cooling test and at a temperature of 950℃ for the fast
cooling test, suggesting the onset of dynamic recrystallization.

(a)

(b)

Figure 7: Engineering stress – strain curves of high V steel at (a) slow and (b) fast
cooling tests.

Figure 8 shows the % reduction in area as a function of deformation temperatures
for the high V steel obtained from both test methods. The % RA varied from 31% - 99%
for the slow cooling test. A decrease in the ductility was observed at from 800℃ - 950℃
and the lowest ductility was observed in the fully austenitic region at 900℃. When the fast
cooling method was used, the % RA varied from 35% - 86% and a decrease in ductility
was observed at between 750℃ and 900℃. The lowest ductility for the fast cooling test
was observed at 850℃, which corresponds with the Ar3 transformation temperature of the
alloy. For the slow cooling test condition, the ductility minimum occurs above the
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transformation temperature of the alloy, which suggests that some work hardening may be
taking place in the austenitic region, increasing strength and lowering ductility. In fast
cooling test, the ductility is lowest in a two-phase region of ferrite and austenite. This may
be due to the differences in the cooling cycles between the test methods and the temperature
range from 850℃-750℃ indicates the formation of ferrite films and the possible VN or
V(C,N) precipitation predicted by FactSage leading to intergranular failure along the
austenite grain boundaries.

Figure 8: Hot ductility curves of high V steel obtained from both test methods.

3.3. FRACTOGRAPHY OF FRACTURED SURFACES
3.3.1. Low V Steel. The fracture surfaces for slow cooling rate test method at
deformation temperatures of 850℃ and 900℃ are shown Figure 9. The deformation
temperature at 850℃ exhibited the lowest ductility of 46% RA. The fracture surface is
entirely ductile, with micro void coalescence as shown in Figure 9(a,b). These micro voids
nucleate at strain discontinuity such as MnS inclusions or second phase particles such as
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VN. The fracture surface for the deformation temperature at 900℃ is entirely ductile with
a large number of small dimple like features as shown in Figure 9(c,d). The large number
of small dimples are present where there are a large number of nucleation sites and the
adjacent micro voids coalesce, limiting the size of the dimples. The small ductile dimples
lead to higher ductility at 900℃.

Figure 9: Fracture surfaces of low V steel tested at slow cooling rate : (a, b) at 850℃ and
(c, d) at 900℃ test temperatures.

Further observations are difficult for the slow cooling rate test conditions because
the surface is covered with an oxide film. The fracture surfaces of low V steel after fast
cooling and tested at 800℃ is shown in Figure 10. For this test condition, oxidation of the
fracture surface is minimal. The fracture surface at 800℃ exhibits mixed mode
intergranular failure along with ductile voiding as shown in Figure 10(a,b). The inclusions
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or precipitates that adsorb at the grain boundaries promotes dimpled intergranular fracture
leading to lower ductility at 800℃.

Figure 10: Mixed mode intergranular fracture with ductile voiding at 800℃ in low V
steel tested with high cooling rate: (a) low, (b) medium, and (c) at high magnification.

3.3.2. High V Steel. The fracture surfaces at deformation temperatures of 750℃
and 900℃ from slow cooling rate tests are shown in Figure 11.

Figure 11: Fracture surfaces of high V steel tested at slow cooling rate: (a, b) at 750℃
and (c, d) at 900 ℃ test temperatures.
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Recovery of the ductility occurred at 750℃ and the fracture surface consists
predominantly of ductile micro voids as shown in Figure 11(a,b). But the fracture surface
tested at 900℃ exhibits a brittle behavior with intergranular fracture surfaces. However, it
was covered with a layer of oxide film because of oxidation during the slow cooling test,
Figure 11(c,d).
The fracture surfaces of high V steel at deformation temperatures of 650℃ and
850℃ from fast cooling tests is shown in Figure 12. The fracture surface at 650℃ exhibits
mixed mode intergranular fracture with ductile voiding. The distribution and location of
potential micro void nucleation sites such as MnS, VN, V(C,N) or AlN precipitates can
affect the fracture surface appearance. The non-uniform distribution of nucleating particles
and the nucleation and growth of isolated micro voids in the loading cycle produce a
fracture surface with various dimple sizes [15]. In some regions of the fracture surface,
intergranular ductile rupture is also seen as shown in Figure 12(b).

Figure 12: Fracture surfaces of high V (0.09 wt.%V) steel obtained from fast cooling rate
tests: (a, b) at 650 ℃ and (c,d) at 850℃ test temperatures.
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The fracture morphologies at 850℃ reveal many dimple-like features nested
together as shown in Figure 12(d). During deformation in austenite, the predicted
precipitate formation of VN can occur on austenite grain boundaries along with the
formation of precipitate free zones on either side of the grain boundary. The strain may
concentrate in the weaker precipitate free zones and micro voids may form around these
precipitates on grain boundaries leading to fracture by micro void coalescence. In some
areas of the fracture surface, cleavage facets are also seen leading to lower ductility.

3.4. METALLOGRAPHY IN LONGITUDINAL CROSS SECTION
3.4.1. Low V Steel. The optical micrograph of the longitudinal cross section of the
fracture edge of the low V steel at deformation temperatures of 650℃ and 850℃ after slow
cooling is shown in Figure 13. The cross section consists of voids near the fracture edge
(Figure 13(a)).

Figure 13: Optical micrographs of the longitudinal cross section of fracture edge of low V
steel after slow cooling at (a) 650℃ and (b) 850℃ test temperatures.
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The voids were mainly concentrated close to the fracture edge leading to a % RA
of 66%. The deformation temperature at 850℃ which exhibited the lowest % RA of 46%
consists of cracks on the sides of the fracture edge (Figure 13(b)). The cracks were observed
on the sides of the fracture edge, and they were formed perpendicular to the loading
direction.
The optical micrograph of the longitudinal cross section of the fracture edge of the
low V steel at deformation temperatures of 800℃ and 900℃ from fast cooling tests is
shown in Figure 14. The cross section of the fracture edge at 800℃ consists of micro voids
and cracks closer to the fracture edge (Figure. 14(a)) and these voids tend to expand along
the loading direction. Along with the micro voids, some cracks were seen perpendicular to
the loading direction. The deformation temperature at 900℃ which exhibited the highest
% RA of 98% consists of cracks closer to the fracture edge (Figure 14(b)). The population
of these voids and cracks at 900℃ is lower when compared to the deformation temperature
at 800℃ leading to higher ductility.

Figure 14: Optical micrographs of the longitudinal cross section of fracture edge of low V
steel after fast cooling at (a) 800℃ and (b) 900℃ test temperatures.
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3.4.2. High V Steel. The optical micrograph of the longitudinal cross section of the
fracture edge from slow cooling rate tests at temperatures of 750℃ and 900℃ is shown in
Figure 15. The cross section of the fracture edge consists of voids near the fracture edge and
the voids expand along the loading direction as shown in Figure 15(a). The voids are mainly
concentrated close to the fracture edge. The deformation temperature at 900℃ which
exhibited the lowest % RA of 31.3% consists of micro voids closer to the fracture edge and
cracks were observed on the sides as well as along the length of the fracture edge as shown
in Figure 15 (b). The observed cracks were formed perpendicular to the loading direction
and they were formed on the austenite grain boundaries lowering the ductility of steels. This
confirms the brittle behavior of the steels with matches with the fracture surfaces of the
steels observed in Figure 11(d). Similar cracking behavior was observed in the low V (0.04
wt.% V) steel after slow cooling and deformed at 900℃ as shown in Figure 13(b).

Figure 15: Optical micrographs of the longitudinal cross section of fracture edge of high
V steel tested after slow cooling at (a) 750℃ and (b) 900℃ test temperatures.

The optical micrograph of the longitudinal cross section of the fracture edge of the
high V steel tested after fast cooling at 700℃ and 850℃ is shown in Figure 16. The cross

76
section of the fracture edge at 700℃ consists of micro voids and cracks close to the fracture
edge as seen in Figure 16(a). The microstructure predominantly consists of ferrite as the
samples was allowed to cool to room temperature after failure. The cross section of the
fracture edge at 850℃ consists of micro voids and cracks closer to the fracture edge as
shown in Figure 16(b). The initial cracks form cavities that may extend along the loading
direction leading to low ductility intergranular failure.

Figure 16: Optical micrographs of the longitudinal cross section of fracture edge of high
V fast cooled steel at (a) 700℃ and (b) 850℃ test temperatures.

3.5. COMPARISON OF DUCTILITY TROUGH OF LOW AND HIGH V STEEL
The ductility trough of the two steels from the individual testing methods is shown
in Figure 17. Figure 17(a) shows the hot ductility troughs for the high V and low V steels
for the slow cooling tests, and Figure 17 (b) shows the hot ductility trough fast cooling test.
Comparing the ductility trough of two steels, the low V steel had a better ductility than
high V steel in both test methods. In low V steel, the trough from the fast cooling test is
narrower than for the slow cooling test. The minimum ductility for the low V steel is below
the Ar3 transformation temperature of the alloy and may due to the formation of V(C,N)
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and VN precipitates or liquation of MnS predicted by the thermodynamic modeling as
shown in Figure 3. The difference in the shape of the ductility trough from the two test
methods is likely caused by the difference in cooling rate of the test methods. The Joule
heating was operated at a higher cooling rate than the servo-hydraulic load frame. For the
high V steel, the lowest ductility is observed above the Ar3 transformation temperature of
the alloy in a complete austenitic region, while the ductility trough for the same steel from
high cooling rate test method is lowest in the two phase region of ferrite and austenite and
it is very close to the Ar3 transformation temperature. The ductility troughs for high V steel
from two testing methods appears to be deeper and broader. This may due to the formation
of more vanadium nitride precipitates above 830℃ as predicted by the thermodynamic
modeling as shown in Figure 4 or higher vanadium and nitrogen content of this steel. At
low temperatures, typical recovery of ductility takes place as the ferrite volume fraction
increased. It is important note that the test methods involve reheating and solutioning of
samples before cooling to test temperature. The thermomechanical cycle cannot redissolve
all the expected precipitates such as MnS and TiN that form much above our soaking
temperature capabilities. TEM and SEM-EDS analyses are planned in future work to
investigate the observed differences in ductility.
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b)

a)

Figure 17: Hot ductility curves of high V and low V steel from a) servo-hydraulic MTS
load frame with low heating/cooling rates and b) Joule resistive heating method with fast
heating/cooling rates.

4. CONCLUSION

Hot ductility curves were obtained using two high temperature test methods namely
i) a tensile test utilizing a servo-hydraulic load frame equipped with a resistance furnace
and ii) thermomechanical testing apparatus using rapid Joule heating with an electromechanically controlled tensioning system. In the low (0.04 wt. %V) steel, the ductility
decrease was observed from 700℃-850℃, below the Ar3 transformation temperature. The
loss in ductility may be mainly due to the combined precipitation of VN and V(C,N). The
fracture mechanism changed from mixed mode intergranular with ductile voiding to highly
ductile fracture with micro void coalescence at deformation temperature of 900℃. In
comparison, the ductility decreases for the 0.09 wt.% V alloy occurred above the Ar3
temperature in austenite for the low cooling rate test, while for the high cooling rate Joule
heating test, the ductility loss was observed in a two-phase region of ferrite and austenite
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with the lowest dutility occurring at 850℃ close to the Ar3 transformation temperature.
Increasing vanadium and nitrogen levels increases the depth and width of ductility trough,
likely due to the increased precipitation of VN. The precipitation in austenite for the 0.09
wt.% V is predicted to be mainly VN precipitates ranging from 1090℃ - 840℃. The
ductility of 0.09 wt.% V steel is lower than 0.04 wt.% V steel, is likely a result of the higher
nitrogen level and strength of 116 ppm in the steel.
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ABSTRACT

Carbo-nitride forming microalloying elements, such as Nb and V are used to
produce steels that exhibit high strength and toughness. Near-net-shape continuous cast
beam blanks from these steels are subjected to significant deformation during straightening
in the secondary cooling zone of the continuous caster and knowledge of the temperature
dependence of the hot ductility of the steel is essential to prevent crack formation during
casting. In this study, the hot ductility of a commercially cast beam blank from medium
carbon (0.18 wt.% C) microalloyed 0.028 wt. %V and 0.02 wt. %Nb was investigated
using two experimental methods that imposed different thermal histories prior to tensile
loading. The first method employed a load frame equipped with resistance furnace heating,
which provided slow cooling (1℃/s) to the test temperature after solution treatment at
1200℃. The second test method, which employed a thermomechanical simulator with
direct Joule heating for temperature control, provided a faster cooling rate (4℃/s) from the
solution treatment temperature to the test temperature. The tensile tests were performed at
a 3 x 10-3/s strain rate in a temperature window of 650℃ - 950℃ to mimic industrial
unbending temperature conditions in the beam blank casting process. A ductility trough,
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with a minimum reduction in area (%RA) at 800℃ was observed, which was close to the
Ar3 transformation temperature of the alloy. Both test methods provided a similar minimum
ductility temperature. However, the slow cooling rate test showed a wider low ductility
temperature range than after faster cooling. The effects of thermal history on the ductility
of this V-Nb micro-alloyed steel are discussed.

1. INTRODUCTION

In last few decades, the trend in steel processing has been to move towards nearnet shape casting due to its many advantages, such as fewer rolling passes, lower capital
cost, and higher rolling yields. Thin strip, thin slab and beam blank casting are typical
examples of this trend. In particular, beam blank castings are used as a starting material for
hot-rolling I-beams, which has advantages such as reduced energy consumption with lower
CO2 and NOx emissions, lower roll costs due to reduced number of rolling strands, lower
maintenance costs and increased productivity [1]. At the same time, near net shape beam
blanks are more prone to form internal (porosity, solidification cracks) and surface defects
(transverse, longitudinal cracks) than simple rectangular shaped sections because of their
complex geometry [2,3]. It was reported that transverse cracks, perpendicular to the casting
direction, are often located at the surface of flange and web region of the beam blank.
These cracks often originate in the straightening area of the caster when unbending occurs
at temperatures in the range of 700℃-1000℃, where the steel is known to exhibit lower
ductility [4]. This “ductility trough” can be observed in hot tensile tests by measuring the
% reduction in area (%RA) at specimen failure at various temperatures.
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The extensive research was published to characterize the phenomena of ductility
losses at high temperature with attempt to optimize the thermo-mechanical conditions to
decrease the tendency for crack formation using various numerical methods. Kim et al. [5]
developed a 2D transient coupled thermo elastic plastic model which simulated
thermodynamic behavior of the solidified shell of a cast beam blank to analyze surface and
internal cracks. Gaiyan Yang et al. [6] established a 2D microsegment model to study the
distribution of temperature and stress using finite element method to understand the crack
initiation mechanisms on beam blank surfaces during molding. Other researchers [3,7,8]
have also used numerical methods to simulate the flow field, stress distribution,
temperature field, and movement of inclusions to determine the factors that leads to defects
and thereby optimize the casting process parameters. While the results from numerical
simulations have benefitted the beam blank casting production, knowledge of the
thermomechanical and ductility behavior of the as-cast steel is still needed. One of the
significant problems related to the accuracy of FEM simulations is related to transient
nature of high temperature material behavior and the property dependence of the steel on
its thermal history before deformation. Unfortunately, little information is available in the
literature concerning the effect of thermal history on hot ductility of commonly used microalloyed steels.
Optimal use of carbo-nitride forming microalloying elements, such as Ti, Nb, and
V, can produce steels that exhibit high strength and toughness when appropriate
thermomechanical processing is employed[9,10] . The hot ductility of steel is highly
dependent on these microalloying elements and unfortunately their presence can
sometimes lead to an increased susceptibility to transverse cracking[11].
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Nb bearing precipitates, such as carbides, nitrides or carbonitrides have been shown
to have a strong effect on the hot ductility of steels, deepening and widening the “ductility
trough”, and extending the low ductility region to higher temperatures. Mintz et al. [12],
and Sricharoenchai et al. [13], suggest that this is mainly due to the formation of Nb(C, N)
precipitates which can retard recrystallization and form precipitates on austenite grain
boundaries. Niobium levels as low as 0.017 % have been shown to have an adverse effect
and the ductility continues to deteriorate as levels are increased up to 0.074% [14–16].
Vanadium behaves in a similar manner to niobium at high nitrogen levels (90-120 ppm)
initiating transverse cracking; however, transverse cracking was not observed below 50
ppm nitrogen [17]. Also, vanadium levels below 0.07% have been reported to inhibit the
drop in ductility [18].
The described changes in hot ductility are related to precipitation kinetics,
therefore, it could be predicted that the thermal history of micro-alloyed steel before
mechanical loading will influence the low ductility region. Therefore, it is important to
understand the transient effects of cooling rate on hot ductility and the susceptibility of
industrial beam blanks to transverse cracking.

In this study, the hot ductility of a

commercial as-cast beam blank (0.18 wt. % C) steel containing 0.028 wt. % V, 0.02 wt. %
Nb and 90 ppm nitrogen was investigated using two experimental methods with different
cooling rates before mechanical testing, mimicking the temperature condition and strain
rate observed in an industrial continuous caster.
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2. PROCEDURE

2.1. EXPERIMENTAL
Materials. The chemical compositions of commercially produced beam blank steel
sample used in this study is listed in Table 1. Optical emission arc spectroscopy was used
to determine the wt. % of elements present in the steel samples. Leco CS600 combustion
analyzer and Leco TC500 inert gas fusion analysis was used to determine the composition
of C, S, and N levels. The studied V-Nb micro-alloyed steel had 90 ppm N.

Table 1: Chemistry of the V-Nb micro alloyed steel (wt. %).
C

Mn

Si

P

S

Cr

Mo

Ni

V

Nb

N (ppm)

0.18

0.94

0.21

0.011

0.027

0.08

0.037

0.14

0.028

0.020
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The samples for hot tensile testing were cut from a 285 mm long as cast beam blank
from the locations shown in Figure 1. The hot ductility samples were prepared so that the
tensile direction was perpendicular to the columnar grain structure to mimic strain direction
observed in continuous casting process. The heat affected regions from the oxy-acetylene
torch cuts were avoided during preparation of the tensile samples. Determination of Hot
Ductility. The temperatures and strain rates applied in this research to measure the hot
ductility were chosen based on known ranges for transverse crack formation during
continuous casting [4]. Two experimental techniques with different preheating and cooling
cycles were performed during the tests to detect the effect of thermal history on mechanical
properties. Both methods involved reheating the specimens and holding them at 1200℃
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for two minutes for re-dissolving the micro alloy precipitates [4,12], followed by cooling
to the desired test temperature using two different cooling rates.

Figure 1: Position of hot ductility samples taken from a V-Nb micro alloyed beam blank.

After short stabilizing period, tensile testing was performed at a controlled strain
rate. The two experimental procedures referred in this article as “slow” and “fast” cooling
were utilized with different testing equipment. Slow cooling method was performed with
an MTS servo-hydraulic load frame equipped with resistance furnace with SiC elements,
which provided controlled cooling rate at 1℃/min. Subsize #3 round 6 mm diameter
specimens with a gauge length of 25 mm were machined accordingly to the ASTM E8-16a
standard. A custom-built thermomechanical testing apparatus that employs a rapid internal
Joule heating system coupled with an electro-mechanically controlled tensioning system
was used for controlled fast cooling at 4℃/min. A flat 97 mm long sample with a 5.55 x3
mm cross-section was used. A pyrometer (1 mm spot size, ±1 ℃) monitored the
temperature of the sample.
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(a)

(b)

Figure 2: Shows a schematic of used temperature profile for both methods.

For slow cooling test, the thermomechanical cycle included heating at 1℃/s to
1200℃, holding 2 min, cooling to the test temperature in the range of 650℃-950℃ at a
cooling rate of 1℃/s, and 2 min holding at test temperature before applied force. For fast
cooling schedule, 5 ℃/s heating to 1200℃ and 4℃/s cooling to test temperature were used
with similar holding periods. In both schedules, strain to failure at a constant strain rate of
3 x 10-3/s which was selected to approximately match the strain rate during the
straightening operation of the continuous casting process. For evaluating the ductility of
the steels, the reduction in area was calculated using the following equation:
% 𝑅𝐴 =

𝐴# − 𝐴,
𝐴#

(6)

where: RA is the reduction in area, 𝐴# is the initial cross-sectional area (mm2) and 𝐴, is
the fracture cross sectional area (mm2).
Fractography and metallography analysis sections parallel to the tensile axis of one
half of tested specimen were prepared for optical metallography using standard
metallographic techniques to better understand microstructure/mechanical property
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relationships and the origin of failure during testing. The second half of specimen, was
used for fracture analysis with a scanning electron microscope (TESCAN-VEGA) and
SEM-EDS.

2.2. THERMODYNAMIC SIMULATIONS
Thermodynamic modeling of the equilibrium phase precipitation was performed
using ThermoCalc 2021b – TCS steel and Fe alloy database (TCFE 11). The continuous
cooling transformation diagrams were simulated using JmatPro (v.11) for the
experimentally used cooling rates.

3. RESULTS

3.1. STRESS-STRAIN BEHAVIOR OF V-NB MICRO ALLOYED STEEL
The engineering stress-strain curves obtained from the slow and fast cooling test
schedules are shown in Figure 3.

(a)

(b)

Figure 3: Engineering stress – strain curves at different deformation temperatures for: (a)
slow and (b) fast cooling test schedules.
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Both test schedulers showed monotonic change in tensile strength vs test
temperature.
A typical downward trend in tensile strength as a function of increasing temperature
from 650℃-950℃ is shown in Figure 4. A difference in the strength levels obtained from
the two testing methods could be attributed to different testing parameters as well as the
specimen shape (round vs rectangular). In each test schedule, a high failure strain was
observed at 950℃, and tensile curves exhibited a softening effect, indicating the onset of
dynamic recrystallization (Figure 3).

Figure 4: Relationship between tensile strength and temperature for the V-Nb microalloyed steel for two test schedules.

When compared to more or less monotonic trends of tensile strength, area reduction
(RA) and strain to failure clear indicated intermediate brittleness region. For slow cooling,
the RA varies between 6% - 98% and the ductility drop is observed from 900℃-750℃
(Figure 5). Above this temperature, the RA has increased again from 14% at 900℃ to 82%
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at 950℃. With the fast-cooling method, the RA varies between 12%-94%, and the ductility
drop is observed from 850℃ - 750℃. Both testing methods produced a similar trend in the
shape of the ductility trough and the ductility trough appears to be deeper and broader for
the slow cooled condition. The lowest drop in ductility of steels observed at 800℃ for both
testing methods.

Figure 5: Hot ductility curves of V-Nb micro alloyed steel from two testing schedules.

3.2. EXAMINATION OF TESTED SPECIMENS
SEM fractography of the fractured surface for the fast-cooling test at deformation
temperatures 800℃, when the specimen had the lowest ductility (12% RA) is shown at
different magnifications in Figure 6 and Figure 7. The fractured surface exhibit brittle
behavior with intergranular fracture surfaces, including intergranular decohesion, flat
featureless facets, and the failure occurred along the ridges.
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Figure 6: Fracture surfaces of V-Nb micro alloyed steel tested at at 800℃ (fast test
schedule).

The second lowest drop in ductility was observed at 850℃ with 24% RA. The
fracture surface at 850℃ also exhibited a distinct brittle fracture with intergranular
decohesion. The intergranular failure by micro void coalescence is characterized by small
ductile dimples on the fracture surface (Figure 7).

Figure 7: Fracture surfaces of V-Nb micro alloyed steel tested at 850℃ test temperatures
(fast test schedule).

In contrast, the fracture surface is entirely ductile, with micro void coalescence at
lower (Figure 8) and higher (Figure 9) test temperatures. Small size dimples were found
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on the fracture surface for the deformation temperature at 650℃. At 950℃, the fracture
surface also was highly ductile and characterized by deep voids, large size dimples and
absence of grain boundary facets.

Figure 8: Fracture surfaces of V-Nb micro alloyed steel tested at 650℃ (fast test
schedule).

Figure 9: Fracture surfaces of V-Nb micro alloyed steel tested at 950℃ (fast test
schedule).

Fractured surfaces tested at slow test schedule were partially obscured by formed
oxides after testing; therefore, some specific features were difficult to observe (Figure 10).
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The fracture surface tested at 800℃ and 850℃ exhibited brittle behavior with intergranular
fracture surfaces. At low deformation temperature 650℃, the fracture surface is entirely
ductile with micro-void coalescence as shown and at 950℃, the fracture surface exhibited
large deep voids typical of high ductility.

Figure 10: Fracture surfaces of V-Nb micro alloyed steel tested at a slow cooling rate: (a,
b) at 650℃, (c, d) at 800℃, (e, f) 850℃ and (g,h) 950℃ test temperatures.
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The optical micrograph taken at the longitudinal cross section of the fracture edge
of the steel tested at 650℃, 800℃, 850℃ applying fast cooling schedule is shown in Figure
11. The cross-section at 650℃ consists of micro voids closer to the fracture edge. Thin
films of ferrite were observed along the prior austenite grain boundaries at 800℃, which
has the lowest 12% RA. When fast schedule was used, existed at test temperature austenite
transformed to bainite and martensite during fast cooling at fracture allowing to observe
mentioned ferrite films. These thin films of ferrite could be linked to intergranular cracking
along the prior austenite boundaries as was observed in the fracture surface (Figure 6). At
850 ℃, the intergranular cracks are seen propagating along the prior austenite grain
boundaries.

Figure 11: Optical micrographs of the longitudinal cross section of fracture edge of V-Nb
micro alloyed steel tested at 650℃ (a), 800℃ (b,c) and 850℃ (d) applying fast cooling
schedule.

Because slow cooling test schedule restricted indication of phases existed during
test, optical imaging in cross sections was used only for void and crack analysis (Fig. 12).
The cross section of the fracture surface at a deformation temperature of 650℃ contains
micro voids closer to the fracture edge. The intergranular crack propagating along the prior
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austenite boundaries at 800℃ tests, which produced a low 6% RA. The same behavior was
also observed at a deformation temperature at 850℃.

Figure 12: Optical micrographs of the longitudinal cross section of fracture edge of V-Nb
micro alloyed steel after slow cooling at (a) 800℃, (b) 850℃ and (c) 650℃ test
temperatures.

Representative samples from both test schedules, which exhibited the lowest drop
in ductility at 800℃, were examined using SEM-EDS analysis and the analysis were
performed on sections taken closer to the point of fracture (Figures 13, 14). At fast cooling
schedule, MnS particles were predominantly present on the cracked region at the prior
austenite grain boundaries. Further away from the cracked area, different shapes (globular,
elongated) of MnS along with MnS with Nb-containing particles were observed.
The SEM micrographs, along with EDS analysis for the deformation temperature
at 800℃ from the slow schedule is shown in Figure 14. The EDS analysis at the cracked
region consists of MnS-SiO2 particles along with small spherical MnS inclusions.
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Figure 13: SEM – EDS analysis of the longitudinal cross section of fracture edge (800℃,
fast schedule): (a) crack region showing the presence of MnS and (b) MnS with a Nbcontaining particle in the matrix.

Figure 14. SEM – EDS analysis of the longitudinal cross section of fracture edge (800℃,
slow schedule): at (1) crack region showing the presence of MnS-SiO2 particles and (2)
MnS inclusion.
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4. DISCUSSION

The primary mechanism for transverse cracking in V-Nb micro alloyed steels is
reported to be due to the precipitation of carbides, nitrides carbonitrides or sulfides, such
as Nb(C,N), V(C,N) or complex (Nb,V)(C,N), AlN and MnS occurring at low strain rates
in the temperature range of 1100℃-700℃ [19]. The addition of V to the Nb-containing
steel has been reported to decrease the activity of carbon and nitrogen, increase carbonitride
stability and slow the kinetics of precipitation compared to Nb-microalloyed steel [20]. In
V-Nb microalloy steels, vanadium and niobium precipitations usually exit as complex
carbonitrides of (Nb,V)(C,N), the solubility of which is higher than that of NbC. Akben et
al. [21] showed that the vanadium addition slows down the precipitation of Nb(C,N) and
many researchers[4,17,20,22–24] have observed that V and Nb microalloyed steel had
coarser and fewer precipitates than the Nb containing steel.
Therefore, thermodynamic calculations of studied steel were performed to establish
possible link the drop in ductility to the precipitation and phase transformations. The
calculated equilibrium phase stability plots for the V-Nb micro alloyed steel (Figure 14a)
show the predicted temperature ranges for stability of liquid, austenite, ferrite, and various
secondary phases. The temperature range of the start of austenite transformation to ferrite
upon cooling

(A3) was around 817℃ and the finish (A1)was 709℃. The primary

precipitates are MnS, which are stable below 1456℃, and niobium-vanadium
carbonitrides, which are stable below 1150℃. The equilibrium composition of the complex
carbonitride phase changed during cooling with increasing the vanadium and N in solid
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solution with Nb and C (Figure 15b). The described thermodynamic calculations are in
agreement with published experimental data.

Figure 15: Equilibrium phase transformations during cooling of the studied V-Nb micro
alloyed steel: (a) phase diagram and (b) distribution of elements in precipitated
(Nb,V)(C,N).

The lowest reduction in area (RA) in the ductility trough was observed at 800℃,
which is close to the austenite to ferrite transformation temperature (817℃) in the studied
steel. Therefore, the ductility drop at this temperature is likely related to the formation of
a thin layer of ferrite (Figure 11) along the austenite grain boundaries. Thin films of
proeutectoid ferrite are formed along the prior austenite grain boundaries slightly below
the Ar3. Temperature. In a dual phase region of ferrite and austenite, the strain gets
concentrated within the soft, thin ferrite films during deformation. The voids nucleate and
coalesce at the grain boundary leading to separation of grains. This results in minimum
ductility and intergranular failure as shown in Figure 6. The intergranular fracture also
occurs when the predicted precipitates such as MnS or (Nb,V)(C,N) are present closer
along the grain boundary, making it easier for the crack to propagate from one particle to

99
another. In addition, the lower solubility product of the precipitates in ferrite promotes
precipitation in the ferrite film. Fine precipitates, such as (Nb,V)(C,N) and MnS at the
grain boundary, can also pin or delay grain boundary movement, encouraging grain
boundary sliding [20].
In addition to effect of V-Nb carbonitride precipitation, it is essential to understand
the role of sulphur on the ductility of the steels. Sulphur can reduce the hot ductility of
steels by weakening the grain boundary area for the following reasons: (i) sulphur
segregation to the boundary [25], (ii) formation of low melting Fe-S compounds at low
Mn/S ratios, and the (iii) combined effect of Mn and sulphides on the formation of cavities,
which links up to produce low ductility intergranular failure [26]. The effect of sulphur on
the hot ductility usually depends on the test conditions. The amount of sulphur that
redissolves depends on the Mn content. For a niobium containing steel with 1.4% Mn, the
amount of sulphur redissolved is >0.001% S and it is this sulphur which controls the
ductility of steels which precipitates in a fine spherical form at the austenite boundaries
[27,28]. In current study, MnS starts precipitating just below the liquidus temperature of
the alloy and during the reheat cycle sulphur will not go back into solution at 1200℃.
These sulphides will continue to remain upon cooling to the test temperature and may
influence the depth of the ductility trough. Furthermore, the thermodynamic simulation
suggests that the amount of MnS formed is greater than the amount of complex
(Nb,V)(C,N) precipitates. The higher the volume fraction of MnS inclusions at the grain
boundaries may be more closely spaced, making it is easier for voids to link together,
resulting in intergranular failure. SEM-analysis also indicated that more MnS inclusions
were present close to the fracture site and along the cracks propagating along prior austenite
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grain boundaries, as shown in Figures 12 and 13. . In the fast-cooling test at, In this study,
precipitates of MnS and (Nb,V)(C,N) were observed on the grain boundaries in the
specimens tested at 850℃ applying fast test schedule. Usually, these precipitate were
accompanied with precipitate free zones (PFZ) on either side of the grain boundaries.
During deformation, strain is concentrated in the weaker PFZ and micro voids form around
the precipitate on grain boundary, leading to intergranular fracture by a micro void
coalescence mechanism (Figure 7).
With decreasing temperatures to 650℃, a high-volume fraction of ferrite forms
which resulting in a more uniform strain distribution between the austenite and ferrite
phase, and ductility is recovered. The fracture surface at 650℃ (Figure 8 and Figure
10(e,f)) is entirely ductile with micro void coalescence. These micro voids nucleate at strain
discontinuity such as MnS inclusions or second phase particles such as (Nb,V)(C,N).
Typical recovery of ductility takes place at a deformation temperature of 650℃.
From the other side, at higher temperatures, 950℃, the fracture surface has large
deep voids and these voids are formed during deformation by grain boundary sliding and
dynamic recrystallization [20,29,19] . The cracks that develop as a result of grain boundary
slipping or stress concentration are prevented as a result of grain boundary movement away
from the cracks. These isolated cracks grow into large deep voids as shown in Figure 9 and
Figure 10(g,h).
In this study, the effect of thermal history on ductility drop was investigated by
applying two type of test schedules. It was shown that the hot ductility behavior depended
on applyed cooling rates o(1℃/s vs 4℃/s) prior mechanical loading. There was clear
indication of improvement in ductility when faster cooling was applied. One of the
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possible mechanism could be related to phase transformation kinetics. To verify this
statement, the continuous cooling transformation behavior of austenite during cooling at
different cooling rates for V-Nb steel were simulated (Figure 16). At the lower temperature
end of the ductility trough, the increased cooling rate used with the Joule heating
experiment tended to measure 54% RA compared to the 35% RA o in slower cooling rate
at MTS frame test. This difference is likely due to the effect that cooling rate has on
temperature that ferrite nucleates. For a slower studied 1℃/s cooling rate , the ferrite
nucleation temperature is 788℃ and at higher 4℃/s cooling rate the ferrite nucleation
temperature is 767℃. This switch in ferrite nucleation kinetics explained experimentally
observed extension of low ductility temperature window.

Figure 16: Continuous cooling transformation diagrams of studied V-Nb micro alloyed
steel.
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5. CONCLUSIONS

Hot ductility curves were obtained using two high temperature test methods: (1) a
tensile test utilizing a servo hydraulic load frame with a resistance furnace (slow cooling
test) and (2) a thermomechanical testing apparatus using rapid joule heating combined with
an electro-mechanically controlled tensioning system (fast cooling test). Both test methods
showed similar low ductility trends, but the upper and lower edges of the ductility trough
temperature range differed between the two test methods. The differences are attributed to
the differences in heating and cooling rate of the two test methods. The two testing methods
displayed similar ductility minimums between 750℃-850℃ from the fast-cooling test and
between 750℃-900℃ from the slow cooling test. Both test methods showed their lowest
ductility at 800℃ which was very close to the austenite to ferrite transformation
temperature (817℃) of the alloy. The hot ductility loss at 800℃ from the fast-cooling test
method is due to the formation of thin films of ferrite on prior austenite grain boundaries,
the strain gets concentrated at these thin films leading to intergranular cracks. The
intergranular cracks were also found on the prior austenite grain boundaries at 800℃ from
the slow cooling test method. MnS inclusions was the predominant precipitate present close
to the fracture site and along the cracks propagating along prior austenite grain boundaries
as observed in slow cooling and fast cooling rate test. At high end of the trough, the
ductility is recovered by dynamic recrystallization and at low temperatures, typical
recovery of ductility takes place as the ferrite volume fraction increased.
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SECTION

5. CONCLUSIONS AND RECOMMENDATIONS

5.1. CONCLUSIONS
Among all the laboratory testing methods, hot tensile tests have proven to be the
most popular for the study of continuous cracking in continuously cast steels. Generally,
the tests are carried out using a servo hydraulic load frame equipped with a resistance
furnace or induction heater in a protective atmosphere. However, reproducing an as-cast
structure similar to continuous cast product by reheating a sample remains challenging.
This challenge has been overcome by the usage of Gleeble apparatus in which a specimen
can be melted and resolidified in-situ, slowly cooled and tested representing a better
simulation of the continuous casting conditions. However, the disadvantage is that only a
small portion of the sample is tested so local non-uniformities play a remain role. The
quantification of hot ductility of steels by measuring the % reduction in area of the steels
from the hot tensile tests and the adjustment of seconding cooling zone to avoid the
ductility trough has been the dominating tragedy to avoid transverse cracks.
In the present study, hot ductility curves were obtained using two high temperature
test methods: (1) a tensile test utilizing a servo- hydraulic load frame with a resistance
furnace and (2) a thermomechanical testing apparatus using rapid joule heating combined
with an electro-mechanically controlled tensioning system. The test methods showed
similar low ductility trends, but the upper and lower edges of the ductility trough differed
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somewhat between the two test methods. The differences are attributed to the differences
in heating and cooling rate of the two test methods.
But there exist some limitations. It should be noted that the fracture strains reported
in the current hot tensile testing work and the strain levels that are reported to induce
transverse cracking in continuous casting differ significantly. The fracture strains observed
in a typical hot ductility tensile test ranges from 70% to 7%, while the surface strains
observed during straightening in the continuous casting process usually are less than 2%.
The significant difference in the reported strains results from differences in the failure
criteria of the two test methods. In the former case, the reported strain is a strain to sample
failure, while in the latter case, the reported strain is the strain to initiate a surface crack.
In the continuous casting process, the severity of transverse cracks depends on
many other factors such as the depth of oscillation marks, which act as stress risers and
also increases the segregation of P, S and Mn locally, providing a preferred site for the
crack initiation, grain size and precipitate nucleation. All these factors must be carefully
assessed while predicting the steels likelihood to transverse crack based on the information
from hot tensile tests. Tensile test-based ductility measurements can only provide a relative
indication of the low ductility temperature sensitivity range of an alloy.
More sophisticated testing procedures are ultimately required which test an in-situ
solidified sample with controlled cooling to the test temperature to reproduce the complex
precipitation process from the liquid state and its effect on hot ductility.
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5.2. RECOMMENDATIONS
The above methods of MTS load frame and Joule resistive heating have one
common shortcoming in that they do not allow for testing of the shell during solidification
and subsequent cooling. High-temperature microalloy precipitants such as TiN can
precipitate from the liquid or just below the solidus. Reheating of the specimen will not
dissolve these nitrides. The only way to truly test what precipitation will be occurring in
the as-cast slab and the subsequent effects on the ductility ranges during continuous casting
is to design a test that involves solidification from the melt and then controlled cooling to
the testing temperature. Our suggested solidification and testing approach are shown in
Figure 5.1.

Figure 5.1: Solidification and testing approach of hot 3-pt bend tests.

Step (i): Melting and casting in a steel flask with the attached plunger and solid
support
Step (ii): Cooling down to test temperature and temperature monitor by pyrometer
and core window can be used to observe crack as well
Step (iii): 3 – point bending test
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The experimental setup consists of an electric cylinder powered by a servo motor
and controlled by an electric drive. A 20T compression load cell and a 25mm linear variable
differential transformer (LVDT) were used to control and monitor force and displacement.
A connector with the plunger attached penetrates inside the mold box shown in Figure 5.2.
At the left side of the platform, the mold box with the attached solid supports, and a directly
cast sample will be in contact with the plunger entering the mold box from the right side.
The components such as the mold box, load cell, connectors etc., were placed on a custommade platform, as shown in Figure 5.2. The electric cylinder, servo motor, and electrical
drive were fixed to the platform. A protective steel plate was between the electric cylinder
and the mold box to protect the device.

Figure 5.2: Controlled deformation test apparatus (a) Complete assembly of the
experimental set up and (b) detail view of the LVDT moving along with the electric
cylinder.

The hot 3-pt bend testing procedures can ultimately test an in-situ solidified sample
with controlled cooling to the test temperature to reproduce the complex precipitation
process from the liquid state and its effect on hot ductility.
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